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ABSTRACT 
Severe plastic deformation (SPD) techniques such as equal channel angular pressing (ECAP), 
high pressure torsion (HPT), high energy ball milling (BM), accumulative roll bonding (ARB), 
are well known to refine the microstructures of metals and alloys into non-equilibrium states 
with nanometer-size grains, and they are gaining widespread interest for processing bulk 
nanostructured materials. Existing models like the “Driven System Model” and “Effective 
Temperature Model” can explain existing experimental results for alloys systems with low to 
moderate heat of mixing, such as Cu-Ag, under SPD.  For systems with high heats of mixing, 
however, e.g. the Cu-Nb, and Ni-Ag system, the previous models cannot be applied, especially 
when SPD is performed at low temperatures (T<0.25 Tm). Several atomistic computer 
simulations have been performed but few, if any, experimental results are available to validate 
the simulation results. 
In this dissertation, several model experiments were designed specifically to formulate a model 
for shear mixing in alloy systems with high heats of mixing during low-temperature SPD. We 
experimentally confirmed by deforming Ag50Ni25Cu25 at liquid N2 temperatures using HPT that 
dislocation driven diffusion can be biased by thermochemical interactions,. In a related study, 
CuAg10Nb5-10 was deformed using room temperature HPT to further elucidate the role of 
chemical interactions during shearing. Nb precipitates were observed to self-organize into nano-
precipitates with an average size of ~20nm, independent of the initial Nb precipitate size. . 
Similarly, a solid solution of CuNb8.8 synthesized by magnetron sputtering was observed also to 
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form nano-precipitates approximately 15 nm in size, during HPT shearing at room temperature 
and lower.   
iv 
 
ACKNOWLEDGMENTS 
Tempus fugit. 4 years has been passed since I first stepped onto the campus of U of I, but it 
seems like just yesterday. I feel really lucky and grateful to meet with my advisor Prof. Bob 
Averback. He led me to this amazing world of materials; I could never have imagined that 
simple model alloy systems can exhibit such complex and beautiful behavior. I can still 
remember the encouragement and insightful suggestions from Bob when I struggled in the 
experiment and felt frustrated. To me, Bob is more than my thesis advisor, he is my friend. 
During my research, Prof. Pascal Bellon, Prof Shen Dillon, and Prof William King gave me a lot 
of suggestions and guidance. Thanks a lot!  
I would like to thank Dr. Daniel Schwen and Dr. Salman Arshad. I learned a lot about 
computational simulation from Daniel and was inspired deep understanding of the subject. 
Salman helped me a lot on the experimental side when I started working on my project. I also 
appreciate the help from our collaborators: Dr. Mohsen Pouryazdan, Dr. Julia Ivanisenko at KIT, 
Germany and Dr. Daria Setman at University of Vienna, Austria, for their great work with the 
high pressure torsion experiments. I am grateful for Mr. Tim Lach for his help with the Atom 
Probe Tomography experiments. Without them, I could never have progressed very far. It has 
really been a pleasure working with all of these colleagues. 
I would like to further acknowledge the help from MRL staff members at University of Illinois, 
Dr. Tao Shang, Dr. Jim Mabon and Dr. Mauro Sardela, for their great help in training and in 
using the facilities. I also thank Dr. Nhon Q Vo, Dr. Xuan Zhang, Dr. Fuzeng Ren, Dr. Grace 
v 
 
Luo, Elvan Ekiz, Shimin Mao and Shipeng Shu for the insightful discussions. Furthermore, I 
would like to thank my undergraduate assistants, Tianqi Ren, Dongxu Huang and Qiaofeng Lu, 
for their efforts and help with the experiments.  
I thank all the group members, and all my friends for making my graduate life full of colors. 
Finally, and most humbly, I want to thank my parents. They have worked hard to provide great 
environment for me to grow up. Their love keeps me strong. I love you, Mom and Dad. 
  
Specific knowledge may fade as time goes by, but not the great memories here.  
Good luck to you, my friends.  
 
THANKS   
vi 
 
TABLE OF CONTENTS 
 
CHAPTER 1  INTRODUCTION............................................................................................................. 1 
1.1 Introduction ................................................................................................................................... 1 
1.2 References ..................................................................................................................................... 7 
 
CHAPTER 2  BACKGROUND .............................................................................................................. 9 
2.1 Self-organization at elevated temperatures ................................................................................... 10 
2.2 Self-organization at low temperatures .......................................................................................... 13 
2.3 Mechanisms controlling shear mediated transport ........................................................................ 17 
2.4 References ................................................................................................................................... 23 
 
CHAPTER 3  THERMO-CHEMICALLY BIASED FORCED MIXING ............................................... 24 
3.1 Introduction ................................................................................................................................. 25 
3.2 Methods ....................................................................................................................................... 27 
3.3 Results ......................................................................................................................................... 30 
3.3.1 Ball-milled powders at room temperature .............................................................................. 30 
3.3.2 Ball-milled powders at low temperatures ............................................................................... 34 
3.3.3 MD Simulation: .................................................................................................................... 45 
3.4 Discussion ................................................................................................................................... 47 
3.5 Summary and Conclusions ........................................................................................................... 50 
3.6 References ................................................................................................................................... 52 
 
CHAPTER 4  LOW T SELF-ORGANIZATION OF NB IN CU MATRIX ............................................ 54 
4.1 Phase separation initial condition ................................................................................................. 54 
4.1.1 Introduction .......................................................................................................................... 55 
4.1.2 Methods ................................................................................................................................ 58 
4.1.3 Results .................................................................................................................................. 59 
4.1.4 Discussion............................................................................................................................. 74 
4.1.5 Summary and Conclusions .................................................................................................... 77 
vii 
 
4.2 Random solution initial condition................................................................................................. 79 
4.2.1 Introduction .......................................................................................................................... 79 
4.2.2 Methods ................................................................................................................................ 80 
4.2.3 Results .................................................................................................................................. 81 
4.2.4 Discussion............................................................................................................................. 87 
4.2.5 Summary and Conclusions .................................................................................................... 89 
4.3 References ................................................................................................................................... 90 
 
CHAPTER 5  SUMMARY & FUTURE DIRECTIONS ........................................................................ 92 
5.1 Summary ..................................................................................................................................... 92 
5.2 Future Research ........................................................................................................................... 95 
 
1 
 
CHAPTER 1 
INTRODUCTION 
 
1.1 Introduction 
The development of stable bulk nanostructured materials with novel properties has received great 
attention within the materials science research community over the past several years, but the 
potential to engineer bulk nanostructured multiphase alloys with complex structural and 
compositional features of controlled length scales and thermal stability remains largely 
unrealized.  This is mostly because of the fact that such nanostructured materials must be 
processed far from equilibrium where they are often metastable or even unstable and their kinetic 
behaviors not well understood. A significant effort in this direction has been to use severe plastic 
deformation (SPD) to create bulk nanostructured metals using methods such as accumulative roll 
bonding (ARB), equal channel angular pressing (ECAP), or high pressure torsion (HPT). These 
methods are known to refine grain sizes to the nanometer length scale and thus create 
exceptionally strong materials, for example by Hall-Petch strengthening. 
One area of particular interest has been phase stability of alloys under SPD. The extension of 
solid solubilities in immiscible alloy systems during severe plastic deformation, for example, has 
been widely studied in the past [1,2,3,4,5,6] and over the years several general trends have 
become established. In alloys with low-to-moderate heats of mixing, such as Cu-Ag [3] and Cu-
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Fe [1] and Cu-Co [6], severe plastic deformation leads to complete solubility over the entire 
range of compositions. For alloys with very high heats of mixing, on the other hand, including 
Cu-Nb [7,8], Cu-Mo [7], Cu-Ta [9], Ni-Ag [4] and Fe-Ag [5], solubility can be extended only 
rather limited amounts. In both alloy types, these findings persist even when the deformation is 
performed at temperatures significantly below room temperature where vacancies are virtually 
immobile. Various explanations have been suggested for why immiscible alloys mix during SPD 
[10,11]. The present work is more concerned with why highly immiscible alloys do not mix, i.e., 
homogenize completely, for which there has been much less consideration.  The question is 
intriguing, since SPD leads to enormously high super-saturations of solute in all immiscible 
systems, illustrating that shear induce chemical mixing, indeed takes place. What is less clear is 
why the mixing stops. Different suggestions have been offered. For example, Zghal et al. 
suggested that when refractory precipitates become too small they no longer could be sheared 
[12]. Other models rely on thermodynamic arguments based on the Gibbs-Thomson equation [2], 
or the “effective temperature” model [5] of Martin [13].   
Self-organization of alloy microstructures during SPD on the nanometer length scale has also 
drawn much interest. Self-organization during SPD was first observed using kinetic Monte Carlo 
computer simulations of shearing in moderately immiscible alloys [ 14 ], and subsequently 
demonstrated experimentally in Cu-Ag alloys [15]. The basis for the self-organization derives 
from a dynamic competition between shear-induced mixing and thermally activated diffusion 
[16,17]. The shear induced mixing in moderately immiscible results in homogenization, while 
thermally activated diffusion causes precipitation. At low temperatures and high shearing rates, 
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diffusion is suppressed and the mixing is enhanced, leading to homogenization of the alloy. At 
high temperatures and low shearing rates, the dynamic competition is reversed and precipitates 
tend to grow large. Self-organization occurs when these dynamics are of comparable strength, 
and derives from subtle difference in the way atoms move during thermal diffusion and shear 
mixing.  
For systems with high heat of mixing, e.g. the Ni-Ag system, which has a value of ∆Hm > 20 
kJ/mol at the equimolar composition [ 18], very different behavior occurs. First, this alloy 
remains two-phase on a nanometer length scale during ball milling, even during cryo-milling 
[19]. This observation contrasts strongly with those for Cu-Ag and Cu-Fe, and it thus indicates 
that atomic motion during severe plastic deformation is not completely ballistic in such alloy 
systems. Other examples of incomplete mixing behavior in metals have been reported for Fe-Ag 
[20], Cu-Nb and Cu-Mo [7,8] and Cu-Ta [21]. 
Several atomistic computer simulations have been performed to understand the mechanisms that 
control severe plastic deformation in binary alloys [12,22,23,24]. Molecular dynamics (MD) 
simulations have indicated that forced mixing during SPD is not ballistic in highly immiscible 
systems, but rather the mixing is “guided” by chemical interactions [12,19]. At low temperatures, 
these effects were found significant for values of ∆Hm greater than  20 kJ/mol, while at high 
temperatures, the effects became noticeable for ∆Hm = 10 kJ/mol [12]. The effects observed by 
MD at high temperatures are not associated with thermal diffusion mediated by atomic 
exchanges with vacancies, but rather with a temperature-dependent bias in the atomic exchanges 
during shearing [12]. More generally, however, decomposition of an initially homogeneous 
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immiscible alloy during shearing at elevated temperatures occurs by two mechanisms, guided 
forced mixing and thermal diffusion [12,25]. In the work we completed, which will be discussed 
in Chapter 3, we found that the forced mixing can be largely biased by thermochemical 
interaction. The results also suggest that for sufficiently large super-saturations of solute atoms in 
an alloy matrix, low temperature shear mixing can induce nucleation of precipitates and their 
subsequent growth. 
Shear mixing of Cu-Nb has been studied in the past, but the results have been unclear in regards 
to understanding shear mixing in highly immiscible alloys. Most studies have been concerned 
with the co-deformation of Cu and Nb and changes in the two-phase morphology during wire 
drawing [8] or accumulative roll bonding [26,27]. These studies typically employ strains less 
than ≈ 10, and thus mixing is limited to a few nm [10]. In the present work, which will be 
discussed in detail in Chapter 4, Section 4.1, we found that micron scale particles refine to ~10-
20 nm; they remain equiaxed during deformation; steady state resulted in a log-normal 
distribution; the number density of Nb particles increased significantly; and the solubility was 
weakly dependent on total Nb concentration.  Based on these results, we conclude that Nb atoms 
must first shear away from the Nb precipitates, mix into Cu by a super-diffusive dislocation glide 
process, as described above, and then reprecipitate on neighboring particles or nucleate new 
particles from the supersaturated solution.  
Based on these research results, the importance of thermochemical bias in affecting low 
temperature SPD is recognized. More importantly, a detailed understanding of these phenomena 
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is critical for processing complex nano-composites, understanding deformation processing, and 
predicting materials response to severe environments such as mechanical wear.   
Specifically, the following fundamental questions need to be answered: 
1. How can thermo-chemically biased dislocations mediate transport result in particle 
nucleation and complex phase behavior (e.g. formation of BCC particles in an FCC matrix)?  
2. How do the rates of shear mediated solute emission and capture by precipitate particles 
depends on local curvature, temperature, interfaces, and chemical interactions, and thus influence 
steady state self-organization? 
3. What key descriptors (e.g. heat of mixing, shear moduli, relative crystal structure of 
precipitate and matrix, etc.) can inform predictive design of nanostructured self-organizing alloys 
in systems with strong thermochemical interactions.  
This dissertation seeks to develop the science for relating thermodynamic interactions between 
alloy components and defects to the phase evolution of alloys and their steady state response 
during SPD.   
Most processing of metals by SPD is performed at room temperature, or below, i.e. T < 0.25Tm, 
to avoid recovery and recrystallization, and it is this regime that we target in our research. Our 
work on Cu-Nb-Ag shows that Nb does not homogenize in Cu, but rather that it undergoes a self-
organizing reaction, selecting a precipitate size, density, and solubility in the Cu matrix that were 
insensitive to alloy composition, temperature (T < 0.25Tm) and shearing conditions. We have 
rationalized these results into the following model: (i) SPD leads to the emission of Nb atoms 
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from Nb precipitates into the Cu matrix; (ii) these emitted Nb atoms are dispersed throughout the 
Cu matrix by dislocation glide and super-diffusive motion; (iii) chemical interactions of the Nb 
atoms result in the nucleation and growth of new particles; possibly at dislocation networks or 
grain boundaries; (iv) in steady state, the emission and growth processes balance. While we now 
know that Nb precipitates do self-organize during SPD in Cu, our model, at present, is 
speculative and lacks critical evidence. Thus in Chapter 4: Section 4.2, we conducted an 
experiment to test the general validity of this model: Cu-Nb solid solution thin film was prepared 
by magnetron sputtering, and then subjected to severe plastic deformation under dry ice cooling 
by High Pressure Torsion. Uniformly distributed Nb particles were observed after the HPT 
processing, even when the processing was performed at temperatures where vacancies are 
immobile, which provides evidence for the model. Furthermore, computational simulation is 
performed to understand the patterning without thermal diffusion.   
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CHAPTER 2 
BACKGROUND 
 
 
Severe plastic deformation (SPD) techniques such as equal channel angular pressing (ECAP), 
high pressure torsion (HPT), high energy ball milling (BM), accumulative roll bonding (ARB), 
are well known to refine the microstructure of metals and alloys into non-equilibrium state with 
nanometer-size grains and are gaining widespread interest for the ability to process bulk 
nanostructured materials are desired [1]. The atoms under SPD are forced to move down their 
concentration gradients and thus extend the solubilities of immiscible systems. In thermal 
equilibrium state, immiscible elements will tend to stay in phase-separation state by thermo-
diffusion. The competition of thermo-diffusion induced phase separation and SPD induced 
mixing provides the main mechanism to form the microstructure of immiscible alloys under 
medium to high temperatures, and this process has been analyzed by G. Martin within the 
framework of “Driven Alloys” [ 2 ]. The concept of driven alloys well explains some 
characteristics of alloys with low-to-moderate heats of mixing, such as Cu-Ag and Cu-Fe. Under 
low temperature, where the shear-induced mixing dominates, driven systems will be 
homogenized based on this theory. For alloys with very high heats of mixing, on the other hand, 
including Cu-Nb, and Ni-Ag, solubilities can be extended only rather limited amounts even 
under cryo-temperatures. This behavior is not explained within Martin’s description. Detailed 
experimental and theoretical explanations will be presented in the later chapters to explain why 
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this occurs. In the remainder of this chapter, I will review relevant past results that will lead us to 
the main topic of this dissertation: why SPD alone can cause patterning in immiscible alloys with 
high heat of mixing. 
2.1 Self-organization at elevated temperatures 
Self-organization in alloys of moderate immiscibility during high temperature SPD has been 
attributed to a dynamic competition between vacancy-mediated thermodynamic diffusion and 
shear-induced forced chemical mixing. This was first demonstrated by Bellon and Averback 
using Kinetic Monte Carlo computer simulation [3]. Fig 2.1 represents an A50B50 system with 
properties similar to Cu-Ag under steady state conditions.  
 
Fig. 2.1. Steady-state microstructures from Kinetic Monte Carlo simulations for an immiscible fcc A50B50 
alloy under sustained shearing rate sh, at T=400 K. Typical microstructures in a (111) plane (black discs 
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for B atoms) for increasing reduced forcing frequency, =sh/ Cv (Cv is the vacancy conc.) (a) 2.610
5 s-1; (b) 
2.6107 s-1; (c) 2.6109 s-1. The lateral dimension is 17 nm . 
In this simulation, planes are shifted randomly along the {111}<110> slip systems, simulating 
the passage of dislocations. During the same time, a single vacancy was allowed to diffuse. At 
high temperatures and low strain rates, when thermal diffusion dominates, the A/B interface 
roughens, but the alloy remains macroscopically phase separated as illustrated in Fig. 2.1(a). 
When shear rate increases relative to the thermal diffusion, the system goes into the patterning 
regime where A/B phases are still largely in separation, but now on a length scale that is 
controllable by varying the ratio of strain rate and temperature. When the shear-induced mixing 
dominates, by decreasing temperature and/or increasing the strain rate is, the system eventually 
becomes homogeneous throughout the simulation cell. Detailed information about compositional 
patterning, such as length scale and solubility has been investigated by Dr. Schwen and the 
author of this dissertation [4]. 
Fig. 2.2. Illustration of our proposed patterning length scale model based on pair diffusion coefficients. 
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As shown in Fig 2.2, a model relating patterning length scale with pair diffusion coefficient is 
provided. On short length scales, thermal diffusion (black lines) dominates over shear mixing 
(gray lines). In the case of positive heat of mixing, alloy coarsening on short length scales can be 
expected. On long length scales, the shear mixing will eventually overtake the thermal diffusion 
and lead to convective disordering. Large structures are therefore disordered by convective 
disordering and small structures order by thermal coarsening. This leaves structures at 
intermediate length scales, where thermal diffusion and shear mixing cross and are comparable 
in magnitude and balance. 
The thermal pair diffusion coefficient of an atom, in the KMC simulation containing one vacant 
site is given by the equation: 
Eq. 1        
 
        
     
, where       is the vacancy jumping frequency, d is the length of the simulation cell, and    is 
the nearest neighbor distance. Similarly, the shear induced pair diffusion coefficient can be 
calculated from the shearing frequency        as following: 
Eq. 2        
 ( )             
 (
 
  
)  
where r is pair separation distance. The transport properties that lead to the relationship of 
      
 ( ) will be discussed later.  
Therefore, the steady state length scale can be calculated by equating       
 
 and       
 ( ). 
13 
 
Eq. 3     
  
  
               
As illustrated in Fig. 2.3, which shows the measured length scale vs. the predicted length scale, 
the model works fairly well over several decades in length scales. 
Fig. 2.3. Microstructural length scale at steady state as a function of the predicted length scale. 
 
2.2 Self-organization at low temperatures 
At low temperatures (T<0.25TM), thermal vacancy diffusion is largely suppressed so the model 
described in the previous section will always predict a homogeneous solid solution. However, 
our preliminary work in the Cu-Nb and Ni-Ag-Cu systems, which will be described in detail in 
later chapters, demonstrates that these alloys do not homogenize at cryogenic temperatures, 
despite suppression of thermally activated diffusion. In fact, these alloys select a steady-state 
length scale for phase decomposition that is a characteristic of the alloy system. This behavior, in 
14 
 
contrast to that at high temperatures, is found only in alloys with large heats of mixing, greater 
than ~20 kJmol-1). These observations clearly indicate that the high-temperature model for self-
organization during SPD does not apply to shear mixing at low temperatures. 
Since most practical processing schemes, for example accumulative roll bonding, ball milling, 
and many service conditions such as wear and fatigue all commonly involve SPD at room 
temperature, it is important to understand this behavior.  
The lack of shear induced mixing in certain alloys has been attributed to localized deformation 
such that the plastic strain takes place in only one of the phases and the two phases are not co-
deformed [5] because of large difference in shear moduli; for example, 30 and 80 GPa for Ag 
and Ni, respectively, and 42 and 122 GPa for Cu and Mo. It has also been suggested that thermal 
diffusion plays a role in the phase separation, even at relatively low temperatures, for example as 
expressed in the “effective temperature” model [6], or the Gibbs-Thomson effect [7]. In Chapter 
3, we show that the limited enhancements of solubilities in driven Ag-Ni alloys indeed derive 
from a chemical bias in the atomic exchanges driven by shearing, and not due to localized plastic 
deformation or thermal diffusion. 
The role of heat of mixing has been studied by Ashkenazy et al. [8] using molecular dynamics 
simulations (MD) on various two-phase alloys. In these simulations, the initial configuration was 
always a single spherical particle within a Cu matrix. Only the elemental identity of the particle 
was varied. The simulation cell was then subjected to cyclical shearing by biaxial compression 
up to strains of 60 at 100 K. 
15 
 
 
Fig. 2.4. Morphologies of different particles in Cu matrix after deformation. (Upper) Strain of 6. (Lower) 
Strain of 60. 
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The main result is observed in Fig 2.4, taken from ref. [8]. The upper left shows the 
configuration of a simple reference case, a Cu particle in Cu matrix – in this case using Kinetic 
Monte Carlo simulation and simple shifting of atomic planes to represent shearing. Both the MC 
and the MD simulation results show that the Cu precipitates become distorted after a strain of 6 
but with little chemical mixing and thus representing a rough interface. When the strain is 
increased to 60, Cu precipitates are completely mixed and the system becomes homogenized as 
expected. Similar results are shown for systems with low to medium heat of mixing, e.g. Cu-Ag, 
Cu-Ni, Cu-Fe. For the Cu-V and Cu-Nb systems, however, the particles remain highly phase  
 
Fig. 2.5 Relocations of V atom during shearing 
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separated, but with a slowly increasing solubility, even after strain of 60.  
As illustrated in Fig. 2.5, atoms are emitted from these highly immiscible bcc precipitates even 
though dislocations cannot penetrate through the interface of the precipitates. Emission appears 
to occur as dislocations climb around the particles. 
How highly immiscible alloys undergo self-organization and select a length scale for phase 
separation is not answered by these simulations. We hypothesize, however, that it has its roots in 
the same process that controls self-organization at high temperatures, but with a few key 
differences. First, atomic transport by dislocation glide in these immiscible alloys is no longer 
random, but rather chemically guided; second, precipitate dissolution no longer relies on 
dislocations cutting through precipitates but rather occurs by an interfacial reaction, whereby 
solute atoms are sheared from precipitates and then efficiently transported throughout the matrix 
by dislocation glide.  
 
2.3 Mechanisms controlling shear mediated transport 
The extension of solid solubilities in immiscible alloys during SPD has been widely reported in 
the literature. For example, Cu-Fe and Cu-Ag, which have moderate heats of mixing of ΔHm ≈ 13 
and 6 kJ mol
-1
[9, 10], respectively, display nearly complete ranges of solid solubility during  
room temperature or cryo temperature (liquid N2 cooling) ball milling.  Based on the model for 
super-diffusive mixing described above, dilute two-phase alloys should homogenize at a strain, 
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Eq. 4       
  
 
  (    )
  
  
 
  
, where Rp is the particle radius, cB is the concentration of B, b is the Burgers vector, and Vp is 
the precipitate volume fraction. This ideal behavior assumes no enthalpic interactions and 
coherent interfaces for efficient dislocation cutting.  
Fig. 2.6. Mean square relative displacement changes with time for thermal diffusion(Black) and shear 
induced mixing (Red). 
 
 
Fig. 2.6 shows the KMC simulation result of ideal behavior of how mean square relative 
displacement (MSRD) changes with time, when no thermal interaction such as activities related 
to heat of mixing and dislocation-interface interaction occurs. MSRD is calculated according to 
equation 5. 
1 10 100
1
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100
1000


 
Time
 Thermal Diffusion
 Shear
Slope = 2
Slope = 1
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Eq. 5    (   )  
∑ ∑  (   ) 
 (   )  
  
 (   )
   
 
   
 ∑  (   )    
 
z(R,i) is the number of atoms that are R distance away from atom i. N is the number of atoms in 
the system, (   )  and (   )   are the vectors connecting atoms i and j at times t and t0. Unlike 
the commonly used mean square displacement, MSRD enables the identification of the atomic 
mechanisms of mixing by keeping track of pairs of atoms, instead of isolated atoms.  
Shear-induced mixing in this ideal case shows a clear super-diffusive trend. This is due to the 
fact that the probability for a dislocation to intersect a certain pair of atoms is proportional to the 
pair separation distance. Simulation result, as illustrated in Fig. 2.7, confirmed this assumption 
[8]. Furthermore, Salman Arshad et al. [11] experimentally verified eqn. (1) in Cu90Ag10 nano-
composites, which satisfies the model’s two assumptions reasonably well.    
 
Fig. 2.7. Relative diffusion coefficient comparing MC (dashed line) and MD (solid line) simulations. The 
dotted line indicates a fit to 6D(R) = kRb (1- R/L), where L is the length of the computational cell. 
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Homogenization through superdiffusive mixing as described in eqn. (1) is the steady state 
response of systems with low to moderate heats of mixing (<10 kJmol-1) and efficient shear 
transfer across interfaces.  However, many systems do not conform to these criteria, which can 
result in a variety of potential steady-state microstructures.  For example, the Ni-Ag system, 
which has a value of ∆Hm ~ 20 kJmol
-1
 at the equimolar composition [12], remains two-phase on 
a nanometer length scale during ball milling, even during cryo-milling at liquid nitrogen 
temperatures [13, 14]. This observation contrasts strongly with those for Cu-Ag and Cu-Fe, and 
it thus indicates that atomic motion during severe plastic deformation is not completely ballistic 
in such alloy systems. Similar to Ni-Ag, other examples of incomplete mixing behavior in metals 
have been reported for Fe-Ag[15], Cu-Nb[16] and Cu-Mo[17] and Cu-Ta [18], all of which 
display high heats of mixing.  Several atomistic computer simulations have been performed to 
understand mechanisms that control SPD in binary alloys [8, 19, 20]. One of the important 
features, as simulated by molecular dynamics (MD) simulation, is that the lack of mixing in Ni-
Ag arises from the fact that forced mixing during SPD is not ideally ballistic, but rather the 
mixing is “guided,” by chemical interactions [19, 20]. At low temperatures, these effects were 
found significant for values of ∆Hm > 20 kJmol-1, while at high temperatures, the effects became 
noticeable for ∆Hm ~ 10 kJmol
-1 
[20]. The explanation for such guided mixing is illustrated in 
Fig. 2.8, which shows an energy landscape envisioned for shear mixing when chemical 
interactions are strong. A similar representation was employed to explain athermal deformation 
in amorphous materials under high shear stresses [21]. While these MD simulations illustrate that 
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atomic exchanges are due to a mechanical instability during straining in strongly immiscible 
systems, thermal assistance could presumably enhance this effect.  We emphasize, however, this 
thermal enhancement does not involve usual thermal diffusion mechanisms, for example as 
mediated by point defects.  
 
 
Fig. 2.8. Energy landscape showing potential barriers for one solute atom near another. (a)The strong 
interaction lowers the barrier for a jump toward the other solute; (b) strain introduced by shearing forces 
removes the barrier and the two solutes relax to near-neighbor positions. Presumably, thermal activation 
can enhance this process. 
 
Previous research demonstrated experimentally that shear mixing was indeed chemically guided 
at low temperatures in systems like Ni-Ag [12]. While it had been known previously that systems 
like Ag-Ni do not homogenize during low-temperature ball milling, the reason had remained 
controversial. For example, it was suggested that shear localization prevented dislocation glide in 
the harder Ni-rich or Ag-rich phases.  In the experiment described in Chapter 3, Cu was 
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introduced as a tracer since it mixes efficiently in the Ni-Cu and Ag-Cu binary alloy systems.  In 
the ternary Ag50Cu25Ni25, the same steady state resulted from three distinct processing routes; Ag 
mixed with homogenous Cu-Ni, Ni mixed with Cu-Ag, and mixing of decomposed 
microstructures.  Arriving at indistinguishable steady states from the disparate starting conditions 
requires dislocation motion in both alloy phases and solute to cross the phase boundaries. These 
findings thus suggest that for sufficiently large supersaturations of solute atoms in an alloy 
matrix, low temperature shear mixing can induce nucleation of precipitates and their subsequent 
growth. 
The second (and competing) kinetic process in our model for self-organization requires large 
precipitates to shrink. The investigation which will be described in detail in Chapter 4: Section 
4.1, of shear mixing in Cu-Nb (∆Hm~100 kJmol
-1
 at infinite dilution [12]) indicated that indeed 
large Nb precipitates shrank in size after prolonged SPD using ball milling or HPT at room 
temperature. The key observations are: micron scale particles refine to ~10-20 nm; they remain 
equiaxed during deformation; steady state resulted in a log-normal distribution; the number 
density of Nb particles increased significantly; and the solubility was weakly dependent on total 
Nb concentration.  Steady state was nearly independent of temperature (T<0.25Tm) and the 
detailed stress state during SPD (i.e. ball milling or HPT).  Based on these results, we conclude 
that Nb atoms must first shear away from the Nb precipitates as described in the previous 
section, mix into Cu by a superdiffusive dislocation glide process, and then reprecipitate on 
neighboring particles or nucleate new particles from the supersaturated solution.  
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CHAPTER 3 
THERMO-CHEMICALLY BIASED FORCED MIXING1 
 
Shear mixing of the ternary alloy system Ag-Cu-Ni during ball milling and high pressure torsion 
was investigated to elucidate the effects of chemical interactions on phase formation. First, ball 
milling of pure Ni with homogeneous Ag67Cu33 alloy powders at room temperature (RT) was 
studied for average Ni atomic concentrations of 4, 9, 15, and 25%. Additional samples with an 
average composition of Ag50Cu25Ni25 were ball-milled at ≈ -15 
○
C or subjected to high pressure 
torsion at ≈ -125 ○C. X-ray diffraction and atom probe tomography measurements showed that 
Cu largely transferred from the Ag-Cu alloy phase to the Ni-rich phase, at all temperatures, but 
that Ag and Ni did not significantly intermix. The Cu concentration in steady state, moreover, 
was surprisingly higher in the Ni-rich than Ag-rich phase, and it was further enriched at the 
interphase boundary, even at -125 
○
C. High resolution transmission electron microscopy revealed 
that the sizes of the Ni/Cu precipitates and the grain size of the Ag-rich matrix were reduced to a 
few nanometers during RT or cryo-ball milling, which is much finer than those observed after 
ball milling of Cu-Ag or Ni-Ag binary powders. These findings illustrate that chemical effects 
can play an important role in phase formation during severe plastic deformation, but they also 
show that other kinetic factors can influence the final microstructure as well. 
                                                             
1 Reprinted with permission, previously published in Acta Mater, 66 1–11 (2014) by M. Wang, NQ. Vo, M. 
Campoin, TD. Nguyen, D. Setman, S. Dillon, P. Bellon, RS. Averback. 
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3.1 Introduction 
The extension of solid solubilities in immiscible alloys during severe plastic deformation (SPD) 
has been widely reported in a number of previous studies [1,2,3,4,5,6,7,8,9,10,11,12]. For 
example, Cu-Fe and Ag-Cu, which have heats of mixing at the equimolar composition of H ≈ 
13 kJ/mol [1] and 6 kJ/mol [3,13], respectively, display nearly complete ranges of solid solubility 
during ball milling when the milling is performed near room temperature (RT) or below [1,4,5]. 
These results are often rationalized theoretically within the framework of “driven alloys” [14]. 
The idea is that severe plastic deformation forces a ballistic relocation of atoms, such that alloy 
components flow down gradients in their concentration. As long as the temperature is below that 
necessary for thermally activated diffusion to restore equilibrium, the alloy will tend to 
homogenize. On the other hand, the Ni-Ag system, which has a value of ∆Hm > 20 kJ/mol at the 
equimolar composition [15], remains two-phase on a nanometer length scale during ball milling, 
even during cryo-milling [6,16]. This observation contrasts strongly with those for Cu-Ag and 
Cu-Fe, and it thus indicates that atomic motion during severe plastic deformation is not 
completely ballistic in such alloy systems. Other examples of incomplete mixing behavior in 
metals have been reported for Fe-Ag [17], Cu-Nb and Cu-Mo [see e.g., 8,9] and Cu-Ta [18], all 
of which display high heats of mixing, similar to Ni-Ag. 
Several atomistic computer simulations have been performed to understand the mechanisms that 
control severe plastic deformation in binary alloys [12,19,20,21]. In regard to understanding the 
lack of mixing in the Ni-Ag system, molecular dynamics (MD) simulations have indicated that 
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forced mixing during SPD is not ballistic in highly immiscible systems, but rather the mixing is 
“guided” in this case by chemical interactions [12,19]. At low temperatures, these effects were 
found significant for values of ∆Hm greater than  20 kJ/mol, while at high temperatures, the 
effects became noticeable for ∆Hm = 10 kJ/mol [12]. We point out that the effects observed by 
MD at high temperatures are not associated with thermal diffusion mediated by atomic 
exchanges with vacancies, but rather with a temperature-dependent bias in the atomic exchanges 
during shearing [12]. More generally, however, decomposition of an initially homogeneous 
immiscible alloy during shearing at elevated temperatures occurs by two mechanisms, guided 
forced mixing and thermal diffusion [12,22]. 
Despite this qualitative agreement between experiments and computer simulation on the 
controlling mechanisms in driven alloy systems, there is little direct experimental evidence that 
shear mixing is influenced by the heat of mixing in absence of diffusion. In fact, the mechanisms 
of shear mixing remain controversial [7,23]. The observation that systems such as Ag-Ni or Cu-
Mo, do not form solid solutions during low temperature milling might be explained, for example, 
by localization of deformation since the shear moduli of Ni and Ag are 80 GPa and 30 GPa, 
respectively, and those for Mo and Cu are 122 GPa and 48 GPa. These large differences might 
cause localized plastic flow in the “softer” phase, in this case Ag, with few dislocations crossing 
the Ag/Ni interfaces. Indeed, Da Posa et al. have suggested that mechanical properties can 
influence shear mixing [20]. It has also been suggested that thermal diffusion plays a role in the 
phase separation, even at relatively low temperatures, for example as expressed in the “effective 
temperature” model [17], or the Gibbs-Thomson effect [2]. In the present work we show that the 
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limited enhancements of solubilities in driven Ag-Ni alloys indeed derive from a chemical bias 
in the atomic exchanges driven by shearing, and not due to localized plastic deformation or 
thermal diffusion. We demonstrate this by using Cu as a tracer element in the Ag-Ni system 
under severe plastic deformation. Since Cu will dissolve in either Ag or Ni during ball milling, 
the investigation of the ternary alloy Ag-Cu-Ni system can be used to monitor whether shear 
mixing occurs in both the Ni and Ag phases. A more surprising result of this work is that Cu 
does not partition equally between the Ni-rich and Ag-rich phases, even though chemical biasing 
should be insignificant, i.e., Cu completely homogenizes with both Ni and Ag during shear 
deformation in binary systems. In this study, we perform ball milling experiments at room 
temperature (RT) and at ≈ -15○C on several alloys in the Ag-Cu-Ni system. We also perform 
high pressure torsion (HPT) experiments at ≈ -125○C on initially phase separated Ag50Cu25Ni25 
alloys. Lastly, as a further manifestation of a chemical bias during shearing, we demonstrate that 
Cu segregates to interfaces between Ni-rich and Ag- phases. Segregation is particularly strong at 
higher temperatures, when some thermal diffusion takes place, but it is also occurs at 
temperatures where vacancies are immobile.  
3.2 Methods 
Our initial procedure was to mill Ag and Cu to form Ag66.7Cu33.3 alloys and subsequently mill 
these alloys with pure Ni powders.  Milling was performed in a controlled Ar atmosphere at RT 
or below using a Spex 8000 mixer mill with Cr-steel milling tools and an initial ball-to-powder 
weight ratio of 25:5. The temperature rise of the vial during RT milling was ≈ 25 ○C. X-ray 
diffraction showed that the Cu-Ag alloys became homogeneous during milling at RT and that the 
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steady state grain size was ~ 8 nm. These results are consistent with previous work [3]. Ni 
powders were then added to the Ag-Cu alloys and ball-milled at RT up to 25 hours, the 
microstructure at this time had again reached steady state. Some powders were mixed by 
reversing the alloying order, i.e., Cu and Ni were first milled and the alloy powder subsequently 
mixed with Ag. Additional powders were milled at -15 
○
C. In this case, cold N2 gas was directed 
over the vial in the shaker mill. The temperature was measured inside the vial after the shaker 
mill and cooling gas were turned off, thus -15 
○
C represents a maximum possible temperature 
during milling.  Lastly, high pressure torsion (HPT) was applied to phase-separated Ag50Cu25Ni25 
disk-shaped samples at ≈ – 125 ○C. These samples were prepared by hot pressing previously RT 
ball-milled powders; pressing was performed in vacuum at ≈ 300 ○C under a pressure of ≈ 1 
GPa. These samples were nearly fully dense (>  95%), and they showed no open porosity. 
Structural characterization of the milled powders was carried out using x-ray diffraction, high 
resolution transmission electron microscopy (HRTEM) and atom probe tomography (APT). For 
the diffraction measurements, we employed a Siemens-Bruker D5000 X-ray diffractometer for 
powder diffraction, and a PANalytical/Philips X’pert MRD system to examine different radial 
positions (strain) on the HPT specimen; the beam size was 1 mm × 1 mm; CuKα irradiation was 
used with both diffractometers. Diffraction peaks were fitted to a pseudo-Voigt function using a 
XRD pattern processing software, MDI Jade. Grain sizes were obtained using the Scherrer 
method. The solubility limits in the Ag matrix were obtained from the shifts in the Bragg peak 
position, using the calibration from ref. [24]. HRTEM was used to verify the grain sizes obtained 
from X-ray diffraction. HRTEM specimens were prepared using focused ion beam sputtering by 
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FEO Helios 600 FIB. Lattice constants of independent grains were also measured in HRTEM 
images to compare with the phase decomposition deduced from x-ray diffraction. Atom probe 
tomography (APT) was used to characterize the local composition of both the ball-milled 
powders and the HPT samples. For the powders, part of the sample was first cut and glued to a 
thin Si tip, and then further shaped using Ga-ion beam in a FEI Helios 600 FIB. The HPT 
samples were directly cut out, also using a Ga ion beam in an FEI Helios 600 FIB. The APT 
measurements were performed at the Northwestern University Center for APT (NUCAPT) [25]. 
Molecular Dynamics (MD) simulations were performed using LAMMPS [26] to study the 
atomistic mechanism of the process. A-B-C ternary alloys with an FCC structure were prepared 
using semi-empirical Cleri-Rosato potentials for Ag-CuA-CuB [
27
]. CuA and CuB both have the 
properties of pure Cu, but the cross terms of the potentials of Ag-CuA and Ag-CuB were adjusted 
to yield enthalpies of mixing representative of Ag-Cu (~4 kJ/mol) and Ag-Ni (21 or 28 kJ/mole). 
The cross term for CuA-CuB was set to yield a zero enthalpy of mixing, which approximates that 
of Cu-Ni. The simulations were performed with the composition of 28 at% CuA and 15 at% CuB. 
Precipitates of CuB atoms in a Ag-CuA matrix were introduced by starting from a random alloy 
Ag67CuA33 cube containing ~32,000 atoms, edge length ~ 7.3 nm, and cube edges along the 
<100>, and removing a sphere ~5,000 atoms. This void was replaced by a sphere of CuB atoms 
of equal volume. The alloys were relaxed for  100 ps at their respective simulation temperatures 
before deformation was initiated.  Biaxial compressive strains were cyclically applied in the 
<100> directions as described previously [12]. 
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3.3 Results 
3.3.1 Ball-milled powders at room temperature 
Ag and Cu powders were blended at RT with an average atomic composition of Ag67Cu33 for up 
to 15 hours to obtain nearly homogeneous solid solutions. Previous work [3] had shown that 
similar milling of Ag50Cu50 powders led to an increase in the chemical enthalpy of the powder of 
4.2 kJ/g-atom. This compares to an increase of 5.6 kJ/g-atom following cryo-milling, indicating 
that phase separation is limited during RT ball milling. (Note RT refers here to room temperature 
+ 25 
○C ≈ 50 ○C). These results are consistent with both HPT and ion beam mixing experiments 
on Ag-Cu. HPT of Ag-Cu at the eutectic composition shows complete mixing at 25 
○
C [28]; ion 
beam mixing of Ag-Cu at the equimolar composition  also results in complete mixing at 25 
○
C,  
and slight decomposition at 75 
○
C [29]. Ni powders were then added to the Ag67Cu33 alloy to 
yield average Ni concentrations of 4, 9, 15, and 25 at.%. 
 
(a)          (b)              (c) 
Fig. 3.1. X-ray diffraction for (a) Ag61Cu30Ni9 and (b) Ag50Cu25Ni25 overall composition taken after 
different milling times with pre-milled Ag66Cu33 powder and (c) Ag50Cu25Ni25 overall composition with 
pre-milled Cu50Ni50 powder. All ball milling was performed at RT. 
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 X-ray diffraction patterns for the 9 and 25% Ni samples are shown in Fig. 3.1(a) and Fig. 3.1(b) 
for different milling times. As these figures show, the powders reached steady state 
microstructures after ~5 hours of milling. For all compositions, the Ag-rich (111) peak shifts to 
lower scattering angles during milling, i.e., toward the Bragg angle of pure Ag. The data thus 
reveal that Cu leaves the initially homogeneous Ag67Cu33 alloy. Moreover, the larger is the 
concentration of Ni in the alloy, the greater is the amount of Cu that leaves the Ag-rich phase. 
These findings are summarized in Fig. 3.2(a), where the amount of Cu remaining in the Ag 
matrix is plotted as a function of milling time. The plot assumes that Ni does not dissolve 
significantly into the Ag-Cu alloy; we will verify this to be the case, below. For the Ag50Cu25Ni25 
alloy, approximately 90% of the Cu leaves the Ag matrix. Notice that if the alloy homogenized, 
the Ag peak would have shifted to higher, not lower, angles. The Ni-rich (111) peak in Fig. 
3.1(b) also shifts to lower angles, thus indicating that Cu is dissolving into the Ni matrix. 
Detailed analysis of the Cu-Ni phase, however, is difficult since diffraction from Cu-rich (111), 
Ni-rich (111), and Ag-rich (200) peaks all overlap in these fine-grained samples. The (200) peak 
from the Ni-rich phase, which would be less ambiguous, is too weak for an accurate 
determination of alloy composition.  More quantitative information on the Ni-rich phase 
obtained using HRTEM and APT will be provided below.  
We next demonstrate that the final microstructure is not dependent on the initial conditions by 
repeating this experiment on the Ag50Cu25Ni25 alloy, but with Ag powder being added to pre-
mixed Cu50Ni50. The X-ray diffraction scan from this alloy is shown in Fig. 3.1(c). During 
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milling, the Ag-rich (111) peak shifts slightly to the right, showing the addition of a small 
amount of Cu. We would expect the Cu-Ni (111) peak to shift to higher angles if Cu 
preferentially entered the Ag-rich phase; however, the incomplete mixing of Cu and Ni in the 
initially milled Cu-Ni sample, coupled with the uncertainties introduced by superposition of the 
(200) peak of the Ag-rich phase, obscures this point in this part of the work. Comparison of Figs. 
3.1(b) and 3.1(c), nevertheless, clearly illustrates that the final alloy composition is independent 
of the order of mixing the alloy. These results immediately demonstrate that in these ternary 
alloys shear localization cannot explain why Cu and Ag mix, but Ni and Ag do not. 
 
(a)       (b) 
Figure 3.2. (a) Atomic percentage of Cu left in Ag matrix and (b) grain size of Ag-rich phase as a 
function of milling time and atomic concentration of Ni. 
 
The grain sizes of Ag-Cu-Ni alloys were obtained using the Scherrer equation; the results are 
shown in Fig. 3.2(b) for the Ag-rich phase as a function of milling time after adding Ni to the 
premixed Cu-Ag powder. For all compositions, the grain size decreases with shearing, saturating 
after 5 hours of milling at a value of ≈ 5 nm. The grain size of the Ni-rich phase is less certain, 
33 
 
but if we assume for the moment that the Ag-rich (200) peak is negligible, and that the peak at 
2  44 is dominated by the Cu-Ni alloy (111), we find that the Ni-rich grains are about 3-4 nm 
in size for the 25 at.% Ni alloy, and possibly even smaller for samples with lower Ni 
concentrations. These sizes are considerably smaller than the smallest Ni precipitates (~8nm) 
reported for ball-milled binary Ag-Ni system [30].  
 
Fig. 3.3. HRTEM image of a ternary Ag50Cu25Ni25 powders after severe plastic deformation. Insets 
represent fast Fourier transforms (FFT) of images. (a) RT ball mill; (b) -15
○
C ball mill; (c) -125 
○
C HPT. 
Numbers on grains refer to: (1) Ag(111); (2) Ag(200) or Cu/Ni (111); (3) Cu/Ni/(200). 
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HRTEM was used to check the grain sizes deduced from the x-ray data for the ternary 
Ag50Cu25Ni25 powder after 16 hours of ball milling. Several interface boundaries surrounding 
crystalline grains are roughly outlined in Fig. 3.3(a); the grains are labeled 1, 2, or 3. The grains 
#1 derive from spots located on the inner most ring in the Fast Fourier transform (FFT) image 
inset in that figure. This ring corresponds to the lattice parameter of Ag(111). The grains #2 
come from the middle ring in the FFT and can be either Ag(200) or Cu/Ni(111). Lastly, grains 
#3 come from the Cu/Ni(200) in the FFT.  The image clearly shows very fine Ag-rich and Cu-Ni 
grains (~3-6 nm), in agreement with the grain sizes deduced from the Scherrer equation. We 
point out that the small grains observed here are separated by well-defined boundaries, in distinct 
contrast to the connected subgrain structures reported for Cu50Ag50 milled at cryogenic and RT 
temperatures [4,31] 
 
3.3.2 Ball-milled powders at low temperatures 
3.3.2.1 Ball-milled powder 
Powders were also milled at low temperatures, again using a SPEX 8000 shaker mill. In this case 
the vials were sealed in Ar, but subsequently transferred to a N2 glove box for cryo-milling at -15 
○
C. This temperature is more than 60 
○
C lower than during RT milling, and 40 
○
C below the HPT 
and ion beam mixing studies cited above that showed complete homogenization. X-ray 
diffraction patterns obtained on these powders are shown in Fig. 3.4(a); two sets of data are 
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included. The first represents samples for which Cu and Ag were first pre-milled at RT to obtain 
a homogeneous Ag66.7Cu33.3 alloy; this powder was subsequently combined with Ni and milled at 
≈ -15 ○C to form Ag50Cu25Ni25. The second set represents samples that were prepared by first 
milling all three elemental powders at room temperature and then lowering the temperature and 
re-milling. In the first case, the Ag peak shifts to lower angles during cryo-milling as Cu leaves 
the Ag, while in the second, the Ag peak shifts to higher angles as additional Cu enters the Ag-
rich phase. The diffraction patterns show that similar to RT milling, the final steady state 
structure is independent of the exact order of mixing the powders. The concentration of Cu in the 
Ag-rich phase for the different milling conditions was obtained from the peak position of the Ag-
rich phase.  It is noteworthy that only ≈ 12.5 at.% Cu is found in the Ag-rich phase, more than 
the 4.53 at.% observed after ball milling at RT, but less than the 25 at.% expected if the Cu had 
distributed evenly between the Ag- and Ni-rich phases. 
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Grain sizes deduced from the diffraction data using the Scherrer equation and HRTEM (see Fig. 
3.3(b)) are comparable for both the Ag-rich and Ni-rich phases to those in powders milled at RT. 
Data for solubilities and grain sizes are collected in Table 3.1. 
 
 
   
 
Fig. 3.4.  (a) X-ray diffraction scans from various cryo-ball milled Ag50Cu25Ni25 specimens. The top 
scans, labeled CuAg+Ni, derive from milling CuAg, pre-mixed powders, with Ni powders. The bottom 
scans, labeled RT Ball Milled, derive from Cu-Ag-Ni powders milled at RT, followed by cryo-milling. 
(b) X-ray diffraction scans from various Ag50Cu25Ni25 specimens subjected to cryo-HPT for different 
times. Scans from specimens treated by other conditions, as labeled, are shown for comparison. 
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 Ag grain size 
(XRD) 
Ag grain size 
(HRTEM) 
Ni-Cu grain size 
(HRTEM) 
Cu Solubility 
in Ag (XRD) 
RT Ball Mill 5.6 nm 4~6 nm 4~7 nm 4.53 at.% 
Cryo Ball Mill 4.0 nm 3~5 nm 3~5 nm 12.53 at.% 
Cryo HPT 10.2 nm 9~12 nm 8~12 nm 10.17 at.% 
 
Table 3.1. Grain sizes and solubilities for Ag50Cu25Ni25 samples treated by RT ball milling, cryo-ball 
milling, and cryo-HTP. Cu solubility in Ag-rich phase is deduced from XRD measurements. 
 
3.3.2.2 High pressure torsion  
High pressure torsion experiments were performed on flat-disk samples, initially 10 mm in 
diameter and 250 m in thickness. HPT deformation was carried out at ≈ -125 ○C. Details of the 
HPT procedures can be found in ref. [32]. Briefly, however, the samples were prepared by hot 
pressing powders, which had been first ball-milled at room temperature. The average 
composition of these samples was Ag50Cu25Ni25. The HPT experiment was carried out with the 
anvils in direct contact with liquid nitrogen. The rotation speed was 1.2 rpm, with rotations 
carried out in a back-and-forth cyclic manner. The strain was determined using the expression,
nr t   , were r is the distance from the center of the disk, t is the specimen thickness, and n 
is the number of cycles and  is the rotation angle per cycle. Fig. 3.4(b) shows the x-ray 
diffraction data on the “as compacted” sample and cryo-HPT samples at different levels of strain. 
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For reference, the diffraction pattern from the cryo ball-milled sample and the peak positions for 
the pure crystalline phases of Cu, Ni, and Ag powder are included in Fig. 3.4(b). 
We focus first on the peak position of the Ag-rich phase. For the as-compacted sample, the 
Bragg peak for the Ag-rich phase aligns closely with that of pure Ag, illustrating that during 
annealing at ≈ 300 ○C, thermal diffusion is adequate for the Cu to leave the Ag-rich phase. This 
is in agreement with past studies on Cu-Ag [3]. The RT-milled sample and cryo-milled samples 
have increasingly larger solubilities of Cu in Ag, respectively, as noted earlier. The data for the 
HPT sample shows that after a strain of ≈ 600 the alloy composition reaches a steady state, with 
the Cu concentration in the Ag-rich phase reaching ≈ 10.2 at.%, and thus the steady state Cu 
concentration is very similar to that observed in the cryo-milled powder (Table 3.1). In addition, 
previous work involving HPT of Cu-Ag eutectic alloys and Cu-10 at.% Ag alloys have 
illustrated that HPT processing of this alloy leads to strong texturing of the alloy with 
preferential alignment of the (111) planes with the compression (torsion) axis [28,32]. We find 
similar behavior here for our ternary alloy (the ratio of the (111) peak intensity to the (220) peak 
intensity changed from 4:1 for the pure Ag powder, to more than 10:1 after HPT), and so we can 
now unambiguously identify the peak at ≈ 44.4○ with the (111) plane of the Cu-Ni phase. We 
first notice that this peak shifts to higher angles with HPT straining, indicating that this phase 
becomes more Ni rich, and illustrating clearly that Cu, more than Ni, leaves the Ni-rich phase. 
The peak position of the Ni-rich phase indicates a Cu concentration of ≈ 38 at.% within that 
phase. This value is much higher than the solubility of Cu in Ag. While it is possible that some 
Ag enters the Ni phase causing an over estimation of the Cu content, we will show below when 
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presenting APT results that this estimate is approximately correct.  Lastly, we point out that the 
Bragg peaks are significantly broader after ball milling (at any temperature) than after cryo-HPT, 
suggesting the grain sizes are less refined during HPT. A similar observation was reported earlier 
for HPT of eutectic Cu-Ag [28]. HRTEM images shown in Fig. 3.3(c) indeed confirm the grain 
sizes deduced from the x-ray data (see Table 3.1). 
The sample subjected to cryo-HPT, the as-compacted HPT sample, and the RT-ball milled 
sample were further characterized by APT. The results are shown in Fig. 3.5, where APT 
reconstruction maps are shown for the various specimens. The reconstruction maps were created 
by forming a grid of stacked cubes, 1 nm on a side, and specifying the partial molar fraction of 
each alloy component within the cube. Partial molar fractions are indicated according to color, 
increasing with wavelength: 0 = blue; 1 = red. The reconstruction maps for the as-compacted 
sample show strong phase separation into highly Ag-enriched and nearly equiatomic Cu-Ni 
regions. This is expected since Cu and Ag are immiscible at 300 
○
C and thermal diffusion is 
adequate during 1 hr annealing for phase separation over nanometer length scales. For Cu-Ni, 
diffusion is too slow for phase separation below the maximum temperature of the miscibility 
gap, believed to be ≈ 372 ○C [33]. While the reconstruction maps for Cu and Ni are very similar, 
it appears that the Ni-Ag interfaces are sharper than the Cu-Ag interfaces. This will be discussed 
in more detail below. Following cryo-HPT, the reconstruction maps remain heterogeneous and 
continue to show distinct Ag-rich and Cu-Ni rich phases, but they are, nevertheless, more 
homogeneous than after high temperature compaction. The reconstruction maps for the RT ball-
milled specimen appear intermediate to the other two, but again with the phase separation into 
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Ni-Cu rich and Ag-rich regions being the dominant feature. The domain sizes of the Ni-Cu rich 
and Ag-rich phases in the ball-milled sample are also seen to be finer.  We estimate the local 
compositions in the Ag-rich and Cu-Ni rich phases by averaging compositions in voxels 
containing less than 15 at.% Ag (Ni-Cu rich) and in those containing more than 85 at.% Ag (Ag 
rich). We choose these phase boundaries based roughly on the x-ray diffraction measurements. 
The results are collected in Table 3.2.  We point out the approximate nature of these quantities, 
as the spatial resolution of APT is poor for heterogeneous alloys containing phases with 
dramatically different evaporation fields, such as Ag and Ni, and the domain sizes are small. In 
the present case, the local magnification of the Ni-rich phase will tend to be greater than that of 
the Ag-rich phase. Notice in Fig. 3.5, for example, the large difference in areal fractions of the 
Ag-rich and Ni-Cu rich phases, even though they each comprise approximately half of the 
sample volume. The effect of the different local  
 
 XCu XCu/XNi XCu XCu/XNi 
 XAg < 0.15 XAg > 0.85 
As-compacted 0.43 0.80 0.042 1.51 
Cryo-HPT 0.39 0.72 0.065 2.32 
RT-BM 0.37 0.63 0.073 1.95 
 
Table 3.2. Cu fractions and the ratio of Cu to Ni in voxels containing less than 15 at.% Ag representative 
of the Ni-Cu-rich phase in Ag50Cu25Ni25, and in voxels with more than 85 at.% Ag, representative of the 
Ag-rich phase 
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magnifications are also revealed in the apparent atomic densities. Ag-rich voxels, for example, 
contain nearly ≈ 150% more atoms than Ni-Cu-rich voxels. In regard to local compositions, this 
means that Cu and Ni atoms deriving from Ni-Cu rich regions may be collected in Ag-rich 
regions, leading to an overestimate of their concentrations in these regions. Ag, on the other 
hand, should not affect the Ni-Cu rich regions nearly as much. A more detailed discussion of 
these effects can be found in ref. [34]. With this precaution, we see from Table 3.2 that in the Ni-
Cu rich phase, the partial molar fraction of Cu, XCu, is ≈ 0.40 for the as-compacted, cryo-HPT, 
and RT-ball-milled samples, in agreement with x-ray diffraction measurements reported above. 
For the Ag-rich voxels, XCu ≈ 0.07 for the RT-ball-milled and cryo-HPT samples, and is 
somewhat less for the as-compacted sample, also in reasonable agreement with the diffraction 
measurements. The data also show Ni, more than Cu, is excluded from the Ag-rich phase. While 
Table 3.2 shows this difference to be a factor of two, this difference must be considered a 
minimum, owing to the combination of poor spatial resolution and small domain size.  
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Fig. 3.5. APT concentration maps for Ni (left) Cu (center) and Ag (right) of ball-milled powder 
compacted at 300 
○
C (top); after cryo-HPT (center); and after RT ball milling (bottom).  
 
A more detailed analysis of local bonding was performed using partial pair correlation functions 
derived from the APT data; these are shown in Fig. 3.6. Here the quantity     ( )  
(   ( )     )    ⁄  is plotted versus distance, where    ( ) represents the local concentration 
of component X (= Cu, Ag, or Ni) a distance r from the test atom, Y, and 
,o xc  is the average 
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molar fraction of component X. A first observation is that for the three shearing situations Ag, 
Ni, and Cu all show a preference for situating adjacent to a self-atom. This behavior is most 
pronounced for Ag, and in the as-compacted sample, but it is also significant for Cu and Ni, and 
even in the cryo-HPT sample. 
It is noteworthy that Cu shows a preferred tendency to situate near other Cu atoms.  If Cu had 
distributed evenly within each of the Ni-rich and Ag-rich phases, CCu,Cu(r ≈ a0)/CCu,0 should 
equal zero, and if it partitions preferentially into the Ni-rich phase, CNi,Cu(r)/CCu,0 should be 
larger than CCu,Cu(Cu)/CCu,0. The larger value CCu,Cu(r)/CCu,0 suggests that Cu locally enriches 
at some locations. Partial pair correlation functions for RT-balled milled samples are included for 
comparison.  
 
Fig. 3.6.  Radial Distribution Functions originating from different type of atoms, (left) Cu Center, 
(middle) Ni Center, (right) Ag Center. The top row corresponds to the as-compacted samples. 
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We looked for the Cu enriched regions in the as-prepared and cryo-HPT samples by profiling the 
composition across various interfaces between Ni-rich and Ag-rich phases. The concentration 
profile employed a cylinder, 3 nm in diameter that extended across a Ni-rich region. The cylinder 
is chosen to cross the first interface nearly normal to the phase boundary, while it crossed the 
second interface more or less randomly. Examples are shown in Fig. 3.7. The upper profile in the 
figure, the as-prepared sample, clearly shows phase separation into Ag-rich and Ni-Cu rich 
regions, with Cu enrichment to one interface (the interface normal to the cylinder). The 
enrichment is presumably even greater than that shown, owing to the limited spatial resolution. 
The cryo-HPT sample shows a similar structure: A Ni-Cu rich region containing very little Ag, a 
Ag-rich region with small amounts of Cu and Ni, and Cu segregation at the interfaces. 
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Fig 3.7. 1-D Concentration profile of a 3nm diameter cylinder through a Ni rich particle in as-annealed 
Ag50Cu25Ni25 sample (upper) and cryo-HPT sample (lower). 
 
3.3.3 MD Simulation: 
Lastly we used molecular dynamics simulations to help interpret the experimental results. The 
starting configuration in these simulations is shown in Fig. 3.8(a). One CuB particle (representing 
Ni) is placed in a Ag67CuA33 matrix to yield a total composition of Ag57CuA28CuB15, and thus 
mimicking a Ag57Cu28Ni15 alloy. Biaxial compressive strains were cyclically applied in the 
<100> directions with a strain rate of 5 x 10
9
-s
-1
 at 100 K. Fig. 3.8(b) and 3.8(c) show the 
chemical structure at a total strain of ≈ 300 for two possible values of the heat of mixing for Ag-
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CuB, 21 kJ/mol and 28 kJ/mol, respectively. A large number of CuA atoms tend to migrate into 
the CuB particle and thus dilute the Ag matrix. There is also some indication that CuA 
preferentially locates at the Ag-CuB interface, particularly for the higher heat of mixing alloy 
(Fig. 3.8(c)). Normalized partial pair-correlation distribution functions for these configurations 
are shown in Fig. 3.9. Here the partial pair correlation functions ij are normalized by the product 
of average molar fractions of component j and component i. For the sample with the larger heat 
of mixing, the results are similar to the experimental distribution functions in Fig. 3.7. 
 
Fig. 3.8. Atomic configurations of Ag57CuA28CuB15 (a) at t = 0; at  = 300 for (b) ΔHm = 21 kJ/mol; (c) Δ
Hm = 28 kJ/mol. 
  
First, the Ag, CuA and CuB (Ni) are all self-correlated, while Ag and CuB are strongly anti-
correlated. Notice too that CuA, while initially in Ag has relatively more CuB nearest neighbors 
than Ag neighbors, also in agreement with the experiments. For the lower heat of mixing alloy, 
these trends persist, but are clearly smaller, showing the importance of the heat of mixing.  
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Fig. 3.9. Normalized partial pair correlation functions for the configurations shown in Fig. 3.8(b)- 
(bottom); Fig. 3.8(c) – (top). 
 
3.4 Discussion 
It is now recognized that atomic mixing in alloys subjected to severe plastic deformation at low 
temperatures is caused largely by the motion of dislocations [21,35 ,23]. While a detailed 
description of the atomic relocation process during SPD in two-phase alloys is currently lacking, 
it is clear that by tracking the mixing process during low-temperature SPD, the influences of 
local plastic deformation activity and chemical driving forces on shear mixing can be obtained. 
This was demonstrated by the simulations in refs. [12,21], and as noted above, by the relocation 
of Cu atoms in our Ag-Ni-Cu ternary alloys. Based on the wide variety of results presented here, 
we can conclude that atomic mixing during low temperature SPD can be strongly biased by 
chemical interactions between alloy components, in agreement with past MD simulations [12]. 
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This mechanism can thus explain why some immiscible alloys mix during SPD, those with small 
heats of mixing, and others do not, those with high heats of mixing. For the Cu-Ni-Ag system, it 
explains why Cu mixes with both Ni and Ag but why Ag and Ni do not significantly mix. The 
results rule out the possibility that the failure of Ag and Ni to mix during either ball milling or 
HPT can be attributed to localized plastic deformation. This conclusion, of course, does not rule 
out the possibility that shear localization plays a more dominant role in other systems, e.g., Cu-
W, but that remains untested. The low temperature results further rule out the possibility that Ag 
and Ni do not mix owing to biased thermal diffusion as vacancies are not mobile at these low 
temperatures [36] and interstitial atoms are not formed by SPD. 
One of the noteworthy results of this study is that Cu does not distribute uniformly between the 
Ag-rich and Ni-rich phases at low temperatures, even though the heat of mixing of Cu-Ni is 
negligible and very small for Cu-Ag. This result is particularly surprising since in binary systems 
Cu mixes uniformly with both of these metals at room temperature and below. X-ray and APT 
analysis of the sample subjected to HPT at -125 ºC and cryo-milling at ≈ -15 ºC suggest that the 
concentration of Cu in the Ag-rich phase is ≈ 11 at.%, and ≈ 38 at.% in the Ni-rich phase.  If Cu 
were homogeneously distributed, it would, of course, comprise ≈ 25 at.% of both the Ag-rich and 
Ni-rich phases. Before attempting to rationalize this observation, we point out that the reason 
must involve a kinetic, rather than thermodynamic argument, and therefore it will involve the 
details of atomic transport mechanisms during SPD, which as noted above are not well known. 
We begin our discussion by taking note of our observation that the interfaces between the Ag-
rich and Ni-rich phases have well defined boundaries and are incoherent. We next note that Cu 
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arrives at the interface, and leaves it, by dislocation glide either from (or to) the Ni-rich or Ag-
rich side. At the interface local relaxations take place allowing for atomic rearrangements. 
Dislocations do not simply glide through the interface without such rearrangements, otherwise 
Ag and Ni would intermix and the alloy would homogenize. For Ag and Ni atoms the 
rearrangements at the interface are chemically biased. For Cu atoms, there should be little to no 
chemical biasing, but there are other asymmetries, such as the asymmetry presented by 
difference in lattice parameter of the Ni-rich and Ag-rich phases. Thus, for example, if there is a 
Cu enriched phase at the boundary, as our experiments and simulations suggest, it will likely be 
coherent with the Ni-rich phase and not the Ag-rich phase, owing to the similar size of Cu and Ni 
atoms. This asymmetry can then bias the atomic rearrangements, i.e., dislocations entering the 
boundary from the Ag-rich side may have higher probability to deposit a Cu atom, than has a 
dislocation leaving the boundary to remove a Cu atom. In steady state, the fluxes of Cu into and 
out of the boundaries must equal and so Cu would be consequently higher in the boundary than 
in the Ag-rich phase. A similar scenario occurs on the Ni-rich side of the boundary, but if the 
relative probably of dislocations bringing Cu into the boundary compared to dislocations 
removing Cu is less asymmetric than on the Ag-rich side, or of the opposite direction, the Cu 
concentration in the Ni-rich phase will be higher than in the Ag-rich phase. The details of the 
relaxation processes at the interface are presently not well characterized, and so a quantitative 
prediction of the asymmetric Cu transport is not yet possible. The mechanism described here, in 
fact, is reminiscent of non-equilibrium segregation where persistent fluxes of point defects to 
sinks couple differently to solute and matrix atoms. While the above explanation must be 
considered speculative, particularly since APT does not provide sufficient resolution at Ag/Ni 
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interfaces to clearly resolve a Cu-rich phase that is coherent with Ni, it nevertheless provides a 
clear example of how the details of the atomic transport mechanism could lead to Cu partitioning 
differently into the Ni-rich and Ag-rich phases. 
For the as-compacted sample (i.e., ball-milled and hot pressed at 300 ºC), it is clear that Cu has a 
large excess of Cu-Cu nearest neighbors and a deficit of Cu-Ag bonds. This is expected since Cu 
can precipitate out of Ag at 300 ºC. For Ni this behavior is even more accentuated, i.e., enhanced 
Ni-Ni bonds and few Ni-Ag bonds. Note that the fraction of Ni-Ni nearest neighbors is 
significantly larger than Ni-Cu neighbors since, as discussed, Cu flows to the Ni-Ag interface 
and not into the Ni. Thermal diffusion of Cu into Ni at 300 ºC, moreover, is far too slow for 
significant interdiffusion of Cu and Ni. These results suggest an interesting possibility to form 
new nano-composite alloys, somewhat akin to core-shell precipitate structures found in Al alloys 
during thermal treatments [37,38], and in Cu alloys after ion irradiation [39]. In the present 
experiments, the domain size of the Ni-Ag alloy is refined by SPD. On annealing, Cu flows to 
the interface, lowering the interface energy, and possibly stabilizing this very small domain size. 
Such fine-scale structures could not be produced by thermal processing, alone. Further work will 
be required to test the thermal stability of such structures, and their properties. 
   
 
3.5 Summary and Conclusions 
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Forced chemical mixing in Ag-Ni-Cu alloys during severe plastic deformation at low 
temperature was investigated. We found that shear mixing of this ternary alloy leads to a two-
phase mixture containing Ag-rich and Ni-Cu rich phases, even when the shearing is performed at 
temperatures as low as -125 C. Since Cu atoms were observed to be mobile in both phases, we 
suggest that shear localization cannot prevent Ni and Ag from mixing, but rather chemically 
guided mixing leads to these results. We also found that Cu does not partition equally between 
Ag-rich and Ni-Cu rich phases. This result cannot be explained by the same mechanism since the 
difference in the heats of mixing of Cu with Ag and Ni is too small. We suggest rather that it is a 
kinetic effect connected to the detailed manner by which dislocations transfer atoms across 
incoherent interfaces.  
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CHAPTER 4 
LOW T SELF-ORGANIZATION OF NB IN CU MATRIX 
 
4.1 Phase separation initial condition
2
 
 
Severe plastic deformation (SPD) of Cu, Ag and Nb ternary alloys with average Nb 
concentrations of 5, 10 and 15 at.% and a Ag concentration of 10 at. % was studied using high 
resolution scanning electron microscopy, atom probe tomography, and x-ray diffraction. Ball 
milled powders were compacted, annealed at 600 
○
C or 950 
○
C ,and subsequently strained by 
high pressure torsion (HPT) at room temperature. Ag redistributed homogeneously in the Cu 
matrix during SPD, but the Nb solubility increased less than 1%.  The Nb precipitates, moreover, 
self-organized into a patterned microstructure, whereby their sizes all fell within a narrow 
distribution, centered on ≈ 20 nm. This size was independent of the initial microstructure for a 
given alloy and insensitive to the Nb concentration. The size was also was insensitive to the 
method of shearing. Since Nb diffusion is negligible in Cu at room temperature, these results 
establish that severe plastic deformation, alone, can induce compositional patterning in highly 
immiscible alloys. We discuss the mechanisms responsible for this behavior. 
                                                             
2
 Reprinted with permission, previously published in Acta Mater, 62 276–285 (2014) by M. Wang, RS. 
Averback, P. Bellon, S. Dillon. 
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4.1.1 Introduction 
The extension of solid solubilities in immiscible alloy systems during severe plastic deformation 
has been widely studied in the past [1,2,3,4,5,6] and several general trends have been established. 
In alloys with low-to-moderate heats of mixing, such as Cu-Ag [3] and Cu-Fe [1] and Cu-Co [6], 
severe plastic deformation leads to complete solubility over the entire range of compositions. For 
alloys with very high heats of mixing, on the other hand, including Cu-Nb [7,8], Cu-Mo [7], Cu-
Ta [9], Ni-Ag [4] and Fe-Ag [5], solubilities can be extended only rather limited amounts. In 
both alloy types, these findings persist even when the deformation is performed at temperatures 
significantly below room temperature where vacancies are virtually immobile. Various 
explanations have been suggested for why immiscible alloys mix during SPD, and interested 
readers are referred to refs. [10,11] for a discussion. Critical points from these works will be 
discussed later. The present work, however, is more concerned with why highly immiscible 
alloys do not homogenize completely, for which there has been much less consideration.  The 
question is intriguing, since SPD leads to enormously high supersaturations of solute in all 
immiscible systems, illustrating that shear induce chemical mixing, indeed takes place. What is 
less clear is why the mixing stops. Different suggestions have been offered. For example, Zghal 
et al. suggested that when refractory precipitates become too small they no longer can be sheared 
[12]. Other models rely on thermodynamic arguments based on the Gibbs-Thomson equation [2], 
or the “effective temperature” model [5] of Martin [13].  In the present work we follow phase 
evolution during SPD of Cu(90-x)NbxAg10 alloys, where x = 5, 10 and 15. We show that Ag 
indeed goes into solution in the Cu matrix, but that the Nb solubility is limited. Our principal 
finding, however, is that the system self-organizes to select a fixed length scale for the Nb 
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precipitation that is independent of the initial size of the precipitates, and only weakly dependent 
on the alloy concentration. The length scale for phase separation is also insensitive to the method 
of shearing. We suggest that the reason for this behavior derives from the chemically biased 
motion of atoms during SPD which leads to nucleation and growth of new precipitates as the 
solubility is increased by shearing.   
Self-organization in moderately immiscible alloys during SPD was first observed in kinetic 
Monte Carlo computer simulations [14], and demonstrated experimentally in Cu-Ag alloys [15]. 
The basis for the self-organization is a dynamic competition between shear-induced mixing and 
thermally activated diffusion [16,17]. The shear induced mixing in moderately immiscible results 
in homogenization, while thermally activated diffusion causes precipitation. At low temperatures 
and high shearing rates, diffusion is suppressed and the mixing is enhanced, leading to 
homogenization of the alloy. At high temperatures and low shearing rates, the dynamic 
competition is reversed and precipitates tend to grow large. Self-organization occurs when these 
dynamics are of comparable strength, and derives from subtle difference in the way atoms 
moved during thermal diffusion and shear mixing. The details of the model can be found 
elsewhere [17]. We point out here that the current experiments are performed at room 
temperature and thermally activated diffusion is largely suppressed. Consequently, the self-
organization reported in the present work cannot be explained by this same mechanism. 
While we study ternary alloys of Cu-Ag-Nb, the primary focus of this work is the behavior of 
Cu-Nb during SPD. Ag additions facilitate this study as they provide two important benefits. 
First, Ag is only moderately immiscible with Cu and hence it serves as a marker for monitoring 
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the deformation and mixing in the Cu lattice, i.e., Ag has been shown to mix with Cu similarly to 
the mixing of Cu atoms in pure Cu [18,19].  At the same time, Ag is highly immiscible with Nb 
and hence it should not much influence the mixing between Nb with Cu. The second purpose of 
the Ag addition is practical. Part of our sample preparation method employs ball milling (see 
methods, below). Cu and Nb powders, however, undergo severe cold welding onto the milling 
tools and do not form the fine powders that are necessary for SPD. The addition of 10 at% Ag 
prevents cold welding in this and other Cu alloy powders. 
Shear mixing of Cu-Nb has been studied in the past, but the results have been unclear in regards 
to understanding shear mixing in highly immiscible alloys. Most studies have been concerned 
with the co-deformation of Cu and Nb and changes in the two-phase morphology during wire 
drawing [8] or accumulative roll bonding [20,21]. These studies typically employ strains less 
than ≈ 10, and thus mixing is confined to a few nm [10,19]. In one study using drawing of Cu-
Ag-Nb wires, the mixing at Cu-Nb interfaces was measured [10], however, we distinguish our 
work from this study as it examined the initial stages of shear mixing, whereas the current work 
is primarily concerned with the steady-state microstructure. In other work, shear mixing of Cu- 
5~20 at%. Nb alloys was investigated using ball milling experiments [22,23,7]. The work in ref. 
[7] had suggested that up to 10 at.% Nb could be dissolved in Cu during low temperature milling; 
however, little detailed examination of the microstructure was reported. In the present work, we 
employ both high pressure torsion (HPT) and ball milling methods to deform our samples and 
use a combination of high resolution scanning and transmission electron microscopy, x-ray 
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diffraction and atom probe tomography to follow the microstructural evolution of Cu-Ag-Nb 
alloys from their initial stages of mixing through to steady state.   
4.1.2 Methods 
The ball milling experiments were performed at RT using a Spex 8000 mixer mill using Cr-steel 
milling tools and an initial ball-to-powder weight ratio of 25:5 g. The Cu, Ag and Nb powders 
were mixed in the ratio 80:10:10 and 85:10:5; the average particle sizes of the initial powders 
were ~ 30 μm. The powders were then milled until steady states were obtained, up to 15 hours. 
After ball milling, mixed powders were then transferred to a hot press while still in an argon 
atmosphere, and compacted at 300 
○
C using a load of  ≈ 1 GPa under a high vacuum (2×10-6 Pa). 
Densities greater than 93% of the theoretical value were achieved. The samples were then 
annealed at 600 
○
C for up to 5 hours, cut into 300 m thick disks with electric discharge 
machining (EDM) and polished for unconstrained HPT experiments. Unconstrained indicates 
that the disk can spread between the roughened anvils during straining. Our research on Cu-Ag 
alloys indicates that the deformation is nearly homogeneous using this geometry, but that it is not 
using constrained HPT [19].  The HPT shearing was performed in a cyclic mode, i.e. rotating the 
anvils back and forth by 90°, with an applied pressure of 4.5 GPa and a rotation speed of 1.2 
rpm. The number of back-and-forth cycles ranged from 3 to 25.  
X-ray diffraction measurements (XRD) were used to determine the grain size and alloy solubility. 
A PANalytical/Philips X’pert MRD system was used to examine different radial positions (strain) 
on the specimen; the beam size was 1 mm × 1 mm. The precipitate size was determined by 
scanning electron microscopy (SEM) in secondary emission mode, using a FEI Helios 600 FIB. 
59 
 
SEM images were obtained immediately after cleaning the surface with a low energy ion beam at 
glancing angle. The ability to image the specimens, in situ, in the FIB, was very valuable for 
resolving the small Nb precipitates. High resolution transmission electron microscopy (HRTEM) 
was used to examine the atomic structure and grain size of the sheared alloy. Atom probe 
tomography (APT) using a Cameca LEAP 4000X Si atom probe was performed to provide 
information on the local chemistry and precipitate morphologies. These samples were prepared 
by focused ion beam (FIB) milling. APT tips with tip radii of approximately 40-50 nm were 
analyzed at 60 K using laser pulsing under a DC voltage of 1-4 kV. Typically, 10-15 million 
atoms were examined in each sample. APT was performed at the Northwestern University 
Center for APT (NUCAPT) [24]. 
4.1.3 Results 
 
Fig. 4.1. SEM images of Cu-5 at.% Nb-10  at.% Ag  after annealing at 600 
○
C and at different levels of 
strain. 
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The main results of this work are shown in Figs. 4.1-4.3 where SEM images of the 
microstructure are presented for HPT samples at different levels of strain in Cu85Nb5Ag10 and 
Cu80Nb10Ag10 alloys (referred to hereafter as 5% Nb and 10% Nb alloys). The strain was 
determined using the expression, 2nr t   , where r is the distance from the torsion axis, t is 
the specimen thickness, 2    , and n is the number of cycles. On annealing the compacted 
samples at 600 
○
C or 950 
○
C, Nb and Ag atoms are seen in Figs. 4.1-4.3 to have formed Nb and 
Ag precipitates. The Nb and Ag precipitates are distinguishable in these figures since the Cu, Ag 
and Nb phases all have different secondary electron yields, with Cu showing as grey, Ag as 
white, and Nb as black. These identifications were verified by using energy dispersive analysis 
(EDS) in a TEM. Note the larger volume fraction of dark precipitates in Fig. 4.2 (10% Nb 
sample) compared to Fig. 4.1 (5% Nb sample). 
 
Fig. 4.2. SEM images of Cu80Nb10Ag10  after annealing at 600 ˚C (left), and after a strain of 1500 (right). 
 
The size distributions of Nb precipitates in these two samples are shown in Figs. 4.4 and 4.5. In 
each sample a bimodal distribution is observed in the as-annealed condition. Each distribution is 
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comprised of two nearly log-normal distributions, as indicated by the near Gaussian shape of 
each peak. After annealing and prior to HPT straining, the average sizes of precipitates in the 
smaller and larger peaks for the 5% Nb alloy are ≈ 17 nm and 40 nm, respectively, while the 
average sizes in the two peaks for the 10% Nb alloy are ≈ 19 nm and 54 nm, respectively. While 
these sizes are similar in the two alloys, the volume fraction of Nb in the larger peak is 
significantly greater for the 10% Nb alloy. SEM images for the 5% Nb sample annealed to 950 
○
C, Fig. 4.3, again show a size distribution comprised of small precipitates ≈ 20 nm in size, and 
much larger precipitates, up to ≈ 500 nm in size. In this case, nearly all of the Nb (> 95%) is 
contained in the larger precipitates. The size distribution for this sample is shown in Fig. 4.6. 
These data on precipitate sizes are collected in Table 4.1 for all three samples. 
 
Fig. 4.3. SEM images of Cu85Nb5Ag10 after annealing at 950 
○
C and after different levels of strain. 
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The microstructure was then followed as a function of HPT strain. After a strain of 100, the Ag 
precipitates in the 5% Nb alloy are seen in Fig. 4.1 to have largely dissolved, but Nb particles 
remain clearly visible.  With increasing strain, fewer and fewer large Nb particles are seen. The 
particles remain equiaxed, with no preferred elongation along the strain direction. The back and 
forth application of torsion may have diminished evidence of elongation, but since the 
deformation is not reversible and each half cycle adds a strain of ≈ 16, some evidence of 
elongation should have been evident, had it occurred. Such deformation was readily observed in 
Cu-Ag samples at small strains [25].  Even after a strain of 8,000, Nb still does not fully dissolve, 
with Nb particles remaining homogenously distributed within the Cu matrix. The SEM images at 
high and lower levels of strain (not shown) indicate that the system has achieved a steady state 
by this high level of strain. This conclusion is supported by measurements of the density of Nb 
precipitates as a function of strain. For the 5 % Nb alloy, the measured densities are 210 m-2, 
276 m-2, 360 m-2, and 350 m-2, after strains of 0, 100, 5,000, and 8,000, respectively. The 
system thus reaches steady state by a strain of 5,000.  Fig. 4.2 shows similar data for the 10% Nb 
sample. Although the maximum strain is only 1,500 in this case, the SEM images at higher and 
lower strain again indicate that the sample is close to a steady-state condition. The distribution, 
moreover, has become log-normal. 
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Fig. 4.4. Particle size distributions of Nb for Cu85Nb5Ag10 annealed at 600 ˚C (left) and after subsequent 
application of a strain of 8,000 (right). 
 
Particle size distributions following high-level strain are shown for the two alloys in Figs. 4.4 
and 4.5. Here the distributions are characterized by a single log-normal distribution. For both 
alloys, the steady state distribution is close to that of the first peak of the bimodal distribution in 
the unstrained samples; i.e., straining has dissolved the larger precipitates in the unstrained 
sample, but not the smaller one. This clearly indicates that severe plastic deformation drives the 
larger Nb particles (2
nd
 peak) to the size of the smaller particles, but no smaller. We discuss 
below why the size distribution in steady state is close to that for the smaller peak in the as-
annealed sample. While the average size of the precipitates in the 5% Nb alloy changed only 
from 20 nm to 17 nm, the volume-averaged size changed from 55 nm to 26 nm. That is, most of 
the Nb was initially in large particles, but after straining, nearly all of the Nb is in small particles 
of a fixed size. For the 10% Nb alloy, the average size changed from 31 nm to 21 nm, while the 
volume average size changed from 65 nm to 35 nm. 
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Fig. 4.5. Particle size distributions of Nb for Cu80Nb10Ag10 after annealing at 600 ˚C (left), and after 
subsequent application of a strain of 1,500 (right). 
 
 
 As-Annealed High Strain 
 1st Peak  2nd Peak Average Size 
Volume Average 
Size 
Average Size 
Volume 
Average Size 
5% Nb 600˚C 17nm 40nm 20nm 55nm 17nm 26nm 
5% Nb 950˚C 20nm 400nm 47nm 570nm 20nm 41.7nm 
10% Nb 600˚C 19nm 54nm 31nm 65nm 21nm 35nm 
 
Table 4.1: Averages sizes of precipitates in the various as-annealed and highly strained samples. 
 
Lastly, Figs. 4.3 and 4.6 show the results for the 5% Nb sample annealed at 950 
○
C. As seen in 
Fig. 4.3, the behavior is qualitatively similar to that shown in Fig. 4.1, although larger strains are 
required to reach steady state. There is some evidence in these samples, however, of some 
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deformation of the large Nb particles at low strains, ≈ 80, but not in the small precipitates found 
at high strains. After a strain of 10,000, we obtain an average particle size of 20 nm, and a 
volume average size of 42 nm. These values are close to, but somewhat higher than, the values 
observed in the samples annealed to just 600 
○
C.  Possibly the samples are not quite in steady 
state, notice for example that the distribution is not yet log-normal, but comparison of SEM 
images after strains of 1,500 and 10,000 suggests that they are approaching steady state.  
 
 
Fig. 4.6. Size distributions for Cu85Nb5Ag10 annealed at 950 
○
C (left) and after subsequent application of a 
strain of 10,000 (right). 
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 CuAg-5 at.% Nb CuAg-10 at.% Nb 
Tanneal 600 
○C 900 ○C 600 ○C 
 Small Large Total Total Small Large Total 
Annealed 189 22 211 20-28 160 45 205 
HPT 350 ~0 350 148 519 ~0 519 
 
Table 4.2: Precipitate densities expressed in number of precipitates-m-2. 
 
The number densities of Nb particles found in all samples before and after straining are listed in 
Table 4.2. Here it is observed that the loss of each large particle in the 5% Nb alloy annealed at 
600 
○
C is accompanied by the addition of ≈ 7 small ones. For the corresponding 10% Nb alloy, 
each of the large precipitate adds ≈ 8 small ones. After taking into account the changes in the 
particle size distributions and the changes in Nb solubility in the matrix, see below, the amount 
of Nb is roughly conserved. This result is significant as it demonstrated that shearing has not 
only resulted in the reduction in size of large particles, but also in the addition of new particles. 
Similar data are not available for the large precipitates, owing to the limited statistics; however, 
it is clear from Table 4.2 that the population of small particles has significantly increased on 
straining. 
It is noteworthy that the size distribution of the Nb precipitates in steady state is similar to that of 
the first (smaller size) peak of the bi-modal distribution observed in the as-annealed samples. We 
can understand this observation by noting that the specimens were prepared by first ball-milling 
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the Cu, Ag, and Nb powders for over ≈ 8 hrs. Ball milling, however, is quite similar to HPT, 
although the applied stress state and the instantaneous strain rate may differ considerably. It is 
reasonable to expect, therefore, that the Nb precipitate size after extended ball milling will be 
similar to that after HTP to high strains. We therefore examined ball-milled powders of 5 %, 
10%, and 15% Nb alloys, prior to compaction and annealing. The results are shown in Fig. 4.7 
and compiled in Table 4.3, where it is observed that the precipitate sizes are indeed very similar 
to the HPT samples at high strains. We have not studied why a small fraction of the Nb 
precipitates do not grow during annealing, but since we found by APT that the samples contain ≈ 
1-2 at% oxygen, (see below) we suspect that some of the precipitates have some oxide, which 
prevents their growth during annealing. We will return to this question after presenting the APT 
data on precipitate chemistry. For now, however, we can conclude that the steady state size 
distribution of Nb precipitates in Cu is not sensitive to details of the stress state or strain rate 
during SPD. 
 
 
Fig. 4.7. SEM images of Nb precipitates following ball milling at room temperature for ≈ 8 hrs. The 
sample from left to right are Cu(90-x)NbxAg10,where x is: 5 (left); 10 (center); 15 (right). 
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Nb concentration (at.%) 5% 10% 15% 
Number density (m-2) 390 620 940 
Average size (nm) 17 19 20 
Volume ave size (nm) 27 28 30 
 
Table 4.3. Number density of Nb precipitates, average size and volume-average size in ball-milled 
powders of Cu(90-x)NbxAg10, where x = 5, 10, or 15. 
 
 X-ray Diffraction (XRD) was performed to determine the solubility of Nb in Cu. XRD spectra 
for both the 5% and 10% Nb samples annealed at 600 
○
C at different strains are shown in Fig. 
4.8. Strain was varied by analyzing different locations on the sample. For both samples, it is 
observed that after a strain of 500 in the 5% alloy and 300 in the 10% alloy (1 mm away from the 
torsion axis) the Ag already has completely mixed with Cu. It can also be noted that the Ag is 
nearly dissolved even at the center of the sample. Presumably the sample is unstrained at this 
location (r =0), however, the x-ray beam spot is 1 mm in size. Beyond 1 mm, the Cu(111) peak 
shifts slightly further to low angles. We attribute this shift to the partial dissolution of the Nb 
particles. If we assume that the total peak shift is due to the complete dissolution of Ag and some 
Nb, we can estimate the amount of Nb dissolved in the matrix. Using the data of ref. [26] for the 
lattice parameter of Cu-10 at.%Ag alloys, and assuming Vegard’s Law for Nb, we obtain a 
solubility of 1.0% and 2.0% for the 5% and 10% alloys, respectively. Recently, Ashkenazy 
calculated the molar volume of mixing of Nb in Cu [27] using interatomic potentials developed 
by Demkowicz [28]. If we use these results, the solubilities in the two alloys are reduced to 0.37% 
and 0.75%. The large molar volume of mixing, compared to Vegard’s Law, is consistent with the 
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large heat of mixing of this system. Lastly we report that the grain size of Cu in the HPT samples, 
deduced from the x-ray line broadening, was 17.6nm and 13.8nm in the 5% and 10% alloys, 
respectively. 
 
Fig. 4.8. XRD results for  (a) 5% Nb sample after 25 cycles of HPT and  (b) 10% Nb sample after  
12cycles of HPT. 
 
We used atom probe tomography to verify these solubilities. Fig. 4.9 shows the typical 3D 
reconstructions of APT tips. The analysis coarse-grains the APT data by forming a lattice of 
cubes, 1 nm on a side, with each cube, or volumetric pixel (voxel), containing information on the 
total number of atoms in the voxel and the molar fractions of each alloy component. The 
concentration of a component is indicated in this figure by the color wavelength, ranging from 
blue = 0 to red =1. (In Figs. 4.9(f) and 4.9(j) the range for Ag is blue = 0 to red = 0.2). The large 
fractions of reds and blues in the as-annealed sample illustrate that the sample has phase-
separated into its constituent components. After HPT, the Ag-rich phase has disappeared, 
dissolving completely within the Cu-rich matrix, which has now switched from red to orange. 
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The Nb precipitates, in contrast, remain clearly visible and highly Nb rich. While only few Nb 
precipitates are found in the small volume of an APT tip, it is seen in Fig. 4.9, that in the as-
annealed sample the shapes of the Nb precipitates are complex, but in the sheared sample, the 
precipitates are nearly spherical. Notice, for example, that the precipitate shown in Fig. 4.9(h), 
which is a cross sectional view parallel to the tip axis, is circular. A flattening of the precipitate is 
observed in the cross section normal to the tip axis, but this is a well-known artifact of APT 
imaging of precipitates with high evaporation fields compared to those of the matrix [29]. This 
apparent flattening, however, cannot be due to deformation, since it is in the direction transverse 
to the shearing direction. We thus find no evidence of shear deformation of the small Nb 
precipitates, corroborating our conclusion derived from the SEM images. The difference in 
evaporation fields also diminishes the spatial resolution of the APT. This likely explains the 
green colors surrounding all of the Nb precipitates, particularly those in the as-annealed samples. 
A primary purpose of the APT characterization is to determine the Nb concentration in the Cu 
matrix. By averaging over  2000 voxels (≈105 atoms), all taken away from Nb precipitates, we 
obtain Nb fractions in the Cu matrix of 0.39% and 0.81% for the 5% and 10% Nb alloys, 
respectively, which are in good agreement with the diffraction measurements. The Ag fractions 
in these regions  
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Fig. 4.9.  APT 3D reconstructions of (a) Nb distribution in as-annealed sample.  (b) Cu distribution in as-
annealed sample. (c) Ag distribution in as-annealed sample. (d) Nb distribution in high-strain sample.  (e) 
Cu distribution in high-strain sample. (f) Ag distribution in high-strain sample. (h) (i) (j) are 
corresponding top-views of high strain sample. 
 
are ≈ 11%, as expected. The compositions of the Nb particles are more difficult to measure, 
owing to their small size, but it appears likely that they contain some Ag and Cu. Analysis of 
several Nb precipitates using proxigrams yields Ag and Cu concentrations are ≈ 0.2% and ≈ 2%, 
respectively. A proxigram, or proximity histogram, is a profile of local atomic concentrations vs. 
proximity to an interface – see ref [30] for details.   Fig. 4.10 shows a representative proxigram 
for a Nb precipitate in the alloy. While it is uncertain how the Ag and Cu enter the Nb precipitate, 
we suspect that as the Nb particles nucleate and grow, they trap some Cu and Ag. Note that the 
Cu and Ag concentrations correspond to the Cu-Ag ratio in the matrix. Lastly we report that the 
oxygen content in the precipitates ranges from 5 at.% and 20 at.%.. A discussed above we 
As-Annealed Sample                      Hi Strain Sample 
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believe that high oxygen contents in some Nb precipitates is what prevents their growth during 
annealing at 600 
○
C or 950 
○
C. 
  
 
Fig. 4.10  Proxigram (concentration profile around an iso-concentration interface) of a typical Nb particle 
in the high strain sample. 
 
Lastly, we examined the atomic structure of the samples using HRTEM. Shown in Fig. 4.11 is a 
HRTEM image of a region containing a Nb precipitate. 
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Fig. 4.11. HRTEM images of a Nb particle in Cu matrix before (left)  and after (right) intense electron 
beam irradiation. 
 
By using the diffraction spots in the FFT of this image, we identify Cu and Nb grains as shown. 
Between these grains is a region, a few nm wide, that appears amorphous. We further 
investigated the structure of this region by focusing the electron beam on it, exposing it to a high 
intensity of electrons. Following this treatment the image appears crystalline, suggesting that the 
region had been amorphous but crystallized under the beam. The observation that some regions 
surrounding Nb precipitates are amorphous is consistent with previous experiments using wire 
drawing of Cu-Nb [31] and Cu-Nb-Ag [10].  
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4.1.4 Discussion 
 The principal finding in this work is that large Nb precipitates begin to mix with Cu during 
severe plastic deformation, but after prolonged straining they stop mixing and the system 
acquires a steady state microstructure where the precipitate size, density and Nb solubility 
remain constant. The size of the precipitates in steady state, moreover, does not appear to depend 
on the initial size of the precipitates, and it is only weakly dependent on the average composition 
of the alloy. Our observation of increased solubility of Nb in Cu is in agreement with previous 
studies using wire drawing [10] or ball milling [7], although the solubilities observed here are 
somewhat smaller than those reported in ref. [7] using cryo-ball milling. We will discuss this 
difference, below. More controversial is the mechanism of mixing [10,11]. Recent MD 
simulations, however, have revealed quite clearly that shear mixing of small Nb precipitates in 
Cu results from an interface reaction as dislocations in Cu interact with the precipitates. Nb 
atoms are thus released from the surface of the Nb precipitate into the Cu, where they are carried 
off by dislocations gliding in the Cu matrix. This motion has been described previously and 
shown to be superdiffusive [16]. No deformation of the small precipitate particles, moreover, 
was observed in these simulations. The precipitates in these simulations were 8 nm or less, which 
is smaller than those in these experiments, and the shearing rate, of course, was several orders of 
magnitude higher. Nevertheless, the present experiments also show mixing and we find no 
evidence for deformation of the Nb particles if they are less than ≈ 50-100 nm in diameter; they 
remain nearly spherical even though the samples are deformed under nearly simple shear 
conditions. We conclude, therefore, that below some length scale, ~ 100 nm, Nb precipitates do 
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not co-deform in Cu during HPT straining; they reduce their size by emitting atoms from their 
surface. 
We next consider why the Cu-Nb system self-organizes during severe plastic deformation to 
form a two-phase alloy of fixed length scale. The two important observations in understanding 
this behavior are (i) small amounts of Nb go into solution in the Cu matrix, as just discussed, and 
(ii) new Nb precipitates are created. These findings strongly indicate that the large precipitates 
shrink by the emission of Nb atoms into the Cu matrix during deformation and new precipitate 
particles nucleate and grow. This is a kinetic effect with no corresponding behavior under 
thermal conditions in absence of shearing. This scenario requires mobility of Nb atoms in the Cu 
matrix. Since the experiments are performed at room temperature, the mobility of Nb cannot 
derive from thermally activated diffusion, for example by vacancy motion. As mentioned above, 
past MD simulations have shown that atoms move relative to one another simply due to the 
passage of dislocations between them. Additionally, MD simulations [18] and recent 
experiments [ 32 ] have shown that for highly immiscible systems, the motion of alloy 
components is biased by chemical interactions, thus making precipitation possible. The 
interested reader is referred to ref [18,32]  for details. We thus understand how large precipitates 
shrink and new precipitates form, but we have not answered why they select a given length scale. 
Self-organization of driven immiscible alloys has been observed previously in systems with 
relatively low heats of mixing, such as Cu-Ag. This work considered both irradiation and shear 
deformation driving forces. In both situations, the driving forces drove the system to toward 
precipitate dissolution and homogenization while thermal diffusion toward precipitation and 
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growth. The present situation shows analogies to these systems, but here with athermal 
superdiffusive solute mobility replacing thermal diffusion in causing precipitate nucleation and 
growth. Our description of how the system selects a given length scale and solubility in steady 
state, however, is not yet complete. A key requirement for self-organization is not only that the 
two mixing dynamics compete, but also that the nucleation and growth processes dominate at 
small length scales, while the shear dissolution of large precipitates dominates on large length 
scales. While we now understand these dynamics for irradiation and shearing of alloys with 
small heats of mixing [16,17], providing a rationalization for precipitate self-organization, we do 
not know them for the present situation. For example, we do not know how the emission rate of 
atoms during shearing depends on precipitate radius; nor do we know the rates of nucleation and 
growth for the superdiffusive process associated with dislocation glide. Current work is directed 
at determining these dependencies.  
The solubility of Nb in Cu has been examined previously by Botcharova et al [7], using cryo-ball 
milling experiments. They reported that for alloys containing 5 at% and 10 at% Nb, complete 
solid solutions were obtained, but for 20 at.% Nb alloys, the mixing was incomplete. While these 
results do not necessarily disagree with the current experiments since they involve ball milling, 
we point out that their evidence for complete solubility was the apparent absence of precipitates 
in their SEM images. We first note that the x-ray diffraction spectra presented in that work does 
not support such high solubilities. Direct application of Vegards law to their data yields 
solubilities of 3.5% and 4.3 % solutions for the 5 %Nb and 10%Nb alloys, respectively. If we 
employ the partial molar volumes calculated by Ashkenazy [27], then the maximum solubilities 
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are ≈ 1.3% and 1.6%. These values are higher, but similar to the values obtained in the present 
work. A small difference in solubilities between the two studies is not unexpected since the 
shearing and alloys are somewhat different. For example, the emission of Nb atoms from 
precipitates likely depends on applied stresses and these are different for ball milling and HPT 
processing. The alloys are also different since the alloy used in the present study has 10 at.% Ag. 
The Ag homogenizes in the alloy. While this small amount of Ag should not greatly change the 
chemical interactions, it does change the hardness of Cu, which again will affect the local 
shearing forces at the Nb precipitates. It is interesting, nevertheless, to speculate on the location 
of the Nb atoms in the experiments of Bothcharova et al. if they are not in solution. As noted 
above, it is possible that precipitates were present, but not observed. Another possibility, 
however, is that the missing Nb is located in amorphous regions between Cu and Nb grains. 
Raabe et al report that Nb concentrations in such regions can be as high as ≈ 40 at.% [10]. These 
regions may not be so prevalent in the present HPT study since ball milling appears to result in 
smaller grain and phase domain sizes compared to HPT, and thus in more interfaces. The ball-
milling experiments, moreover, were performed at cryogenic temperatures, possibly additionally 
stabilizing a large volume fraction of amorphous phase. 
   
4.1.5 Summary and Conclusions 
The microstructural evolution of Cu(90-x)NbxAg10 alloys, where x = 5, 10 and 15, during severe 
plastic deformation by HPT and balling milling was investigated. The principal finding of this 
work is that Nb self-organized in Cu during SPD to form precipitates that all lie within a narrow 
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size distribution centered around 20 nm. This size is independent of the initial size distribution 
and nearly independent of the concentration of the Nb (from 5-15at.%). It also does not depend 
on whether the shearing is applied by HPT or ball milling. Only a small fraction of the Nb, ≈ 0.4-
0.8 at.% dissolves in the Cu-Ag matrix. The Nb precipitates, moreover, contain a few percent of 
Cu and Ag.  
The detailed results reported here, coupled with recent MD simulations [27], suggest that 
shrinkage of large Nb precipitate occurs by the emission of Nb atoms from the surface during the 
impingement of dislocations gliding in the Cu matrix. New precipitates nucleate and grow by the 
chemically-biased motion of Nb atoms during dislocation glide in the Cu matrix. While we 
recognize that the steady state microstructure relies on the dynamic competition between these 
two processes, we do not know how these processes depend on the size and density of the 
precipitates, or on the concentration of Nb in the matrix. We cannot, therefore, yet predict what 
length scale highly immiscible alloys will select under severe plastic deformation.  
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4.2 Random solution initial condition 
 
4.2.1 Introduction 
The experiments in Section 4.1 clearly show that large Nb particles shrink in size, and the 
number density of particles greatly increases during SPD by high pressure torsion operated at 
room temperature. From ex-situ SEM characterization, particles tend to remain in a spherical or 
equiaxed morphology during the evolution from their initial states to the final states. Thus, we 
assumed that new particles nucleate from the solid solution matrix by a biased motion of atoms 
during dislocation movement.  
To confirm this assumption and to provide the critical piece of evidence for understanding the 
behavior of low-temperature shear mixing, we designed the following experiment. The model 
experiment for quantifying the nature of shear-induced nucleation and growth starts with a 
homogeneous solution, rather than one already containing precipitates, and tracks the progress of 
the precipitation process as the system moves toward steady state.  The benefit of this approach 
over starting with an initially decomposed, two-phase alloy is simply that it isolates the single 
processes of nucleation and growth and thus avoids the complexity of distinguishing several 
complex processes occurring in parallel. We couple our experimental findings on nucleation and 
growth kinetics with KMC simulations in order to develop an improved mechanistic 
understanding of the process.  
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4.2.2 Methods 
The challenge for this approach is to synthesize non-equilibrium alloys that are initially further 
from equilibrium than they are after high-energy ball milling. A practical route to achieve this 
state is physical vapor deposition (PVD), since that ball milling and HPT of these and similar 
alloys result in phase-separated material as indicated in Section 4.1. The primary challenge 
associated with sputtering relates to the rather limited sample thickness that can be grown, 
coupled with the requirement of HPT methods for thicknesses greater than ~100 m, which is 
the minimum thickness to operate a HPT test in a reliable fashion.  
Large area specimens could be deposited onto a Si target with the composition of CuNb8.8 using 
a AJA ATC 2000 custom four-gun co-sputtering system, to a thickness of 20 m. To avoid 
oxidation and reduce bonding between the substrate, 20 nm a layer of Ag was first deposited on 
the substrate, followed by the Cu-Nb co-sputtered sample, and then another 20 nm layer of Ag. 
The foils were then stripped from their substrates and compacted to achieve the required 
thickness (>100 m). We found that during removal of the films from the substrate, the film 
fractured into many small flat pieces, but note protected from oxidation by the Ag coatings. 
These “assemblies” of small pieces were compacted into dense specimens during the HPT 
process, even though the HPT processing was performed at room temperature or colder. The 
success of the compaction relies on the combination of a very compressive stress of 4.5 GPa, and 
the applied torsion.  
The HPT processing was performed at room temperature or at cryo-temperature (using dry ice 
cooling -78.5 ), for up to 25 cycles in cyclic mode i.e. rotating the anvils back and forth by 
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90°, with an applied pressure of 4.5 GPa and a rotation speed of 1.0 rpm.. XRD, TEM, and APT 
were employed to characterize the local composition, crystal structure, morphology, size 
distribution, and density of precipitates as described in Section 4.1.    
 
4.2.3 Results 
As shown in Fig. 4.12, the as-deposited sample shows a single phase solid-solution of Cu-Nb. 
The peak shift by Vegard’s Law shows »9 at. % Nb in the Cu matrix. After room temperature 
HPT or cryo-HPT of 20cycles, Cu peaks shifted towards pure Cu positions, showing nearly 
complete decomposition. 
 
Fig. 4.12 XRD result of as-Deposited sample and samples after room temperature and low 
temperature HPT. 
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Solubilities corresponding to different strains are calculated by Vegard’s Law from MicroXRD 
results on RT-HPTed samples, as illustrated in fig. 4.13. The 0-strain point is directly taken from 
the as-deposited sample. Clearly, increasing strain causes the solubility to drop and with large 
enough strain (>1500) the system is approaching a steady state.    
Fig. 4.13. Solubilities (Vegard’s Law) corresponding to different strains measured from MicroXRD. 
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The detailed microstructure of an as-deposited sample and a sample processed by cryo-HPT for 
20 cycles was examined by SEM, as illustrated in Fig. 4.14. The as-deposited sample shows no  
Fig 4.14. SEM secondary electron image of (Upper Left) As-deposited; (Upper Right) 20cyc HPT under 
dry ice cooling; (Lower) a magnified region of cryo-HPTed sample. Black particles are Nb particles. 
 
Pt protective 
layer 
Strain = 1500 
Strain = 0 
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visible Nb particles while the cryo-HPTed sample shows Nb particles distributed homogenously 
throughout the imaged region. Note that the Nb precipitates acquire a spherical shape, which is 
very similar to the result in Section 4.1. 
Statistical analysis of the Nb particles shows the distribution of Nb particles is log-normal with 
an average size of 13.1nm and a volume-averaged size of 15.5nm.  
Fig. 4.15. Distribution of Nb particles after cryo-HPT for 20cycles (Strain ~ 1500), from SEM images. 
 
Both the XRD and SEM results show that Nb precipitates from the Cu matrix after processing by 
HPT at-78C, when thermal diffusion is largely suppressed. 
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The microstructure and corresponding particle distribution of the sample processed at room 
temperature is shown in Fig. 4.16.  
Fig. 4.16 SEM microstructure (LEFT) and corresponding Nb particle distribution (RIGHT). 
 
Comparing the low temperature processed sample, the average size increased from ~15nm to 
~17nm and the volume averaged size changed from ~15nm to ~21nm.  The change in size is 
believed to be related to the enhanced thermochemical effect on the transport properties of 
dislocations, due to the temperature change. 
 
 
Strain = 1500 
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A KMC simulation protocol was developed to investigate the shear mixing and patterning in the 
absence of thermal diffusion. The method builds on the code discussed in Chapter 2. A Nb 
particle is initially centered in the matrix. When dislocations intersect the particle, the code 
assumes that the particle emits atoms according to a trial function N(r), where r is the particle 
radius.  Dislocations are not allowed to penetrate or deform the particle, as was the case in  
Fig. 4.17. Slices of microstructures under SPD in different regimes, from KMC simulations. 
Phase Separated Regime 
Patterning Regime 
Solid Solution Regime 
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Chapter 2.  The emitted particles are placed in the matrix close to the precipitate where they can 
be carried away, or back to the particle, by shear-induced super diffusive motion. When a solute 
Nb atom arrives a Cu/Nb interface, either a new particle or its “parent”, it sticks to the particle.  
The function N(r) has the form: ( )      , where a is a constant prefactor and c is the 
exponent. By varying a and c, three different regimes can be explored, namely (1). Phase 
separated regime: a single particle stays in the matrix with extended solubility, (2). Patterning 
regime: Big particles shrink in size while new particles nucleate, (3). Solid solution regime: 
System comes into completely homogenous solid solution, as illustrated in Fig. 4.17.  
  
4.2.4 Discussion  
Clearly, the fact that Nb precipitates from Cu matrix during cryo-HPT provides unambiguous 
evidence that SPD alone can cause patterning. The simulation results show how this is possible: 
first the shear-induced deformation must provide two competing mechanism: shear-induced 
agglomeration of atoms and small precipitates and the emission of atoms from large precipitates; 
second the emission function N(r) must depend more strongly on r than as  r
2
. While the model 
suggests that the steady state size of the precipitates should be independent of the initial size 
distribution, we find that the RT-HPTed sample shows a slightly smaller precipitate size as 
compared to the result in section 4.1. A few possible reasons for this observation are: 1. The Ag 
concentration is different for the two experiments; 2. Oxygen contamination from ball milling 
and subsequent heat treatment affects one set of experiments but not the other, i.e., the specimens 
prepared by PVD is oxygen-free. As seen in Section 4.1, Ag completely mixed with Cu after 
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strain of around 100. The matrix is then changed to a Cu-Ag10at.% alloy matrix, which may 
affect the atomic transport characteristics associated with dislocation slightly, since it is thermo-
chemically biased. Similarly, the presence of oxygen or Niobium-Oxide near the interface of Nb 
particles may also change the emission rate thus affecting the steady state size distribution. 
We have rationalized these results by the following model: (i) SPD leads to the emission of Nb 
atoms from Nb precipitates into the Cu matrix; (ii) these emitted Nb atoms are dispersed 
throughout the Cu matrix by dislocation glide and the associated superdiffusive motion; (iii) 
chemical interactions of the Nb atoms result in the nucleation and growth of new Nb particles; 
possibly at dislocation networks or grain boundaries; (iv) in steady state, the emission and 
growth processes balance. Now the results in both sections 4.1 and 4.2 provide experimental 
evidence to this model. 
One point worth repeating is that our preliminary simulation shows that patterning can occur 
when the exponent c in the emission function is larger or equal to 2. Physically, c = 2 indicates 
that the number of atoms emitted is proportional to the surface area of a certain particle. This can 
be rationalized by shaving off the surface atoms while dislocations climb. 
We summarize this part of the research by noting our picture of self-organization relies on the 
competition between shear-induced emission of precipitate atoms into the matrix and shear-
induced nucleation and growth of precipitate atoms in solution. For self-organization to occur in 
this model, emission must dominate for large precipitates while growth must dominate for small 
precipitates. Accurate measurements of the dissolution rates as a function of precipitate size for 
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large precipitates and the nucleation and growth rates for small precipitates are still needed to 
experimentally determine these rates. 
 
4.2.5 Summary and Conclusions 
Cu-Nb 8.8 at% solid solution samples were prepared by PVD method using magnetron 
sputtering and then subjected to RT and Cryo HPT. Even the cryo-HPTed sample shows clear 
dissolution of Nb when thermal diffusion is largely suppressed, with an average Nb particles size 
of 13 nm.  
The detailed results here, combined with the results from Section 4.1, experimentally verify the 
model that severe plastic deformation, alone, can induce compositional patterning by thermo-
chemically biased atomic transport during dislocation glide processes. SPD can provide two 
competing mechanisms which are essential for the self-organization behavior: 1. SPD leads to 
the emission of Nb atoms from Nb precipitates into the Cu matrix; 2. Dissolved Nb atoms can 
move by dislocation glide and the thermochemical interactions of the Nb atoms result in the 
nucleation and growth of new particles. While the model appears to work well for Cu-Nb, further 
experiments and computational simulation will be needed to make the model applicable to other 
alloy systems and to be capable of predicting the size and distribution of immiscible particles.  
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CHAPTER 5 
SUMMARY & FUTURE DIRECTIONS 
 
 
5.1 Summary 
 
In Chapter 3, Forced chemical mixing in Ag-Ni-Cu alloys during severe plastic deformation at 
low temperature was investigated and results shows that shear mixing of this ternary alloy leads 
to a two-phase mixture containing Ag-rich and Ni-Cu rich phases, even when the shearing is 
performed at temperatures as low as -125 C. Since Cu atoms were observed to be mobile in both 
phases, we unambiguously showed that the reason that prevents Ni and Ag from mixing is 
chemically guided mixing rather than shear localization. We also found that Cu does not 
partition equally between Ag-rich and Ni-Cu rich phases due to same mechanism since the 
difference in the heats of mixing of Cu with Ag and Ni is too small. We suggest rather that it is a 
kinetic effect connected to the detailed manner by which dislocations transfer atoms across 
incoherent interfaces.  
In Chapter 4, two different but closely related experiments were conducted.  
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1. The microstructural evolution of Cu(90-x)NbxAg10 alloys, where x = 5, 10 and 15, 
during severe plastic deformation by HPT and balling milling was investigated. The 
principal finding of this work is that Nb self-organized in Cu during SPD to form 
precipitates that all lie within a narrow size distribution centered around 20 nm. This 
size is independent of the initial size distribution and nearly independent of the 
concentration of the Nb (from 5-15 at.%). It also does not depend on whether the 
shearing is applied by HPT or ball milling.  
2. Cu-Nb 8.8 at% solid solution samples were prepared by PVD method and then 
subjected to RT and Cryo HPT. Even the cryo-HPTed sample shows clear phase 
separation of Nb when thermal diffusion is largely suppressed, with an average Nb 
particles size of 13nm. 
The detailed results reported here, coupled with MD simulations, suggest that shrinkage of large 
Nb precipitate occurs by the emission of Nb atoms from the surface during the impingement of 
dislocations gliding in the Cu matrix. New precipitates nucleate and grow by the chemically-
biased motion of Nb atoms during dislocation glide in the Cu matrix.  
Essentially, the experiments described in Chapter 4, serve as experimental evidence of the model 
that Severe Plastic Deformation alone can cause compositional patterning by thermo-chemically 
biased dislocation transportation: 
(i) SPD leads to the emission of Nb atoms from Nb precipitates into the Cu matrix;  
(ii)  these emitted Nb atoms are dispersed throughout the Cu matrix by dislocation 
glide and superdiffusive motion;  
94 
 
(iii) chemical interactions of the Nb atoms result in the nucleation and growth of new 
particles; possibly at dislocation networks or grain boundaries;  
(iv) in steady state, the emission and growth processes balance and thus select an 
length scale.  
 
Based on these research results, we recognized the importance of thermochemical bias in 
affecting low temperature SPD. We successively answered the first of the 3 questions asked in 
Chapter 1: How can thermo-chemically biased dislocation mediate transport result in particle 
nucleation and complex phase behavior? The answer is that SPD can provide two competing 
mechanisms which are essential for the self-organization behavior: (1). SPD leads to the 
emission of Nb atoms from Nb precipitates into the Cu matrix; (2). Dissolved Nb atoms can 
move by dislocation glide and the thermochemical interactions of the Nb atoms result in the 
nucleation and growth of new particles. 
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5.2 Future Research 
 
Before the model for compositional patterning in highly immiscible alloy systems can be 
generalized and become a useful tool for designing new material,, we still need to answer two 
important questions, namely: 
1. How do the rates of shear mediated solute emission and capture by precipitate 
particles depends on local curvature, temperature, interfaces, and chemical 
interactions, and thus influence steady state self-organization? 
2. What key descriptors (e.g. heat of mixing, shear moduli, relative crystal structure of 
precipitate and matrix, etc.) can inform predictive design of nanostructured self-
organizing alloys in systems with strong thermochemical interactions.  
 
While we recognize that the steady state microstructure relies on the dynamic competition 
between these two processes, we do not know how these processes depend on the size and 
density of the precipitates, or on the concentration of Nb in the matrix. We cannot, therefore, yet 
predict what length scale highly immiscible alloys will select under severe plastic deformation.   
Therefore, one critical step in developing our model for low temperature self-organization in 
highly immiscible alloys is obtaining a quantitative description of the rate of second phase 
dissolution as a function of relevant microstructural descriptors such as particle size. The 
experiments can be performed in highly immiscible alloy samples in the dilute regime where 
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compositions far exceed equilibrium solubility, but fall below those where precipitates persist 
during SPD. For large precipitates (~ i.e. greater than 20 nm), the samples can be obtained as in 
our past work. PVD method described in Chapter 4 can be used to produce sample without 
oxidation and contamination. Precipitates size can then be controlled by subsequent thermal 
annealing.  The hot pressing step sets the minimum particle size achievable by this processing 
route.  Subsequent HPT will be utilized to redissolve the precipitates.  By measuring the initial 
shrinkage rates, when virtually no solute is in solution, the emission rate is directly determined. 
By following this rate as solute goes into solution, information on the attachment rate can also be 
obtained. A quantitative description of the solute emission and absorption rates during shearing 
can thus be obtained as a function of radius. One of the important aspects of these measurements 
will be determining the characteristic size where particles can be efficiently sheared. In these 
dilute alloys, the characteristic microstructural parameters and chemistry can be quantified using, 
as above, a combination of XRD, TEM, and APT. 
Furthermore, results in Chapter 4: Section 4.2 show that temperature will influence the shear 
mixing since it is largely thermo-chemically biased. More experiments can be done to investigate 
the temperature effect. We distinguish two temperature regimes: T > 0.25Tm and T < 0.25Tm. We 
set 0.25Tm as a characteristic temperature as it roughly corresponds to the temperature at which 
vacancies become mobile. We envision two possible mechanisms for how temperature can 
influence shear mixing and self-organization.  
The first is by a temperature-enhanced chemical biasing of shear mixing. Local relaxations that 
enable solute clustering in dislocation tangles and GB’s during shear may be enhanced by 
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thermal stimulation. A second effect of temperature that may influence shear mixing below 
0.25Tm is amorphorization of chemically mixed regions. We hope to see the effect of 
temperature by performing HPT experiments between liquid N2 temperature and 100 
○
C. 
Also, in order to extend the model for other alloy systems with high heat of mixing, systematic 
experiments and computational simulation of additional alloys systems need to be carried out. 
 
